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Inleiding
Silicides zijn verbindingen tussen een metaal en silicium. Ze vinden vooral hun
toepassing als contacteringsmateriaal in ge¨ıntegreerde schakelingen. Dergelijke
toepassingen vereisen dunne silicidelagen met een dikte in de orde van nm.
Deze lagen worden typisch gevormd door opwarmen van een dunne metaallaag
op een Si substraat. De ge¨ınduceerde vaste-stof reactie resulteert in sequentie¨le
vorming van verschillende silicidefases. Door geschikte temperatuurkeuze kan
de fase naar keuze geselecteerd worden.
De stoechiometrische 1:1 verbinding tussen Ni en Si, nikkelmonosilicide
of NiSi, heeft zich de laatste jaren ontwikkeld als het preferentie¨le contac-
teringmateriaal, gezien zijn technologisch voordelige karakteristieken: lage Si
consumptie, lage contacteringsweerstand, lage vormingstemperatuur...
In een eerste inleidend hoofdstuk wordt ingegaan op de huidige kennis van
het Ni/Si systeem. Bijzondere aandacht gaat hierbij uit naar de silicidefa-
sevorming die voorafgaat aan de NiSi vorming. Ondanks de beschikbaarheid
van verscheidene in situ karakterisatietechnieken (i.e. technieken die in staat
zijn om de veranderende laageigenschappen tijdens de vaste-stofreactie op een
continue manier op te volgen) blijkt de lage-temperatuursfasevorming tot op
heden moeilijk identificeerbaar.
De hedendaagse continue toename van het aantal transistoren op een
chip impliceert een continue miniaturizatie van de verschillende transistor-
componenten, waaronder noodzakelijk ook de dikte van de NiSi laag. Een
volledig begrip van de fasevorming voorafgaand aan NiSi vorming, met als
achterliggend idee de eventuele mogelijkheid om de NiSi fasevorming en fase-
eigenschappen (ten voordele) te gaan bijsturen, is dan ook van cruciaal belang.
Dit onderzoek spitst zich vooral toe op de laatste doelstelling.
Invloed van additie van Pt op de vorming en eigen-
schappen van NiSi
In hoofdstuk 3 wordt ingegaan op het effect van het toevoegen van Pt aan een
50 nm Ni laag. Het is gekend dat de toevoeging van kleine hoeveelheden Pt x
tijdens de depositie leidt tot de vorming van een ternaire monosilicidefase
Ni1−xPtxSi (waarin Pt ‘oplost’ in de NiSi laag), welke beter bestand is
tegen de ongewenste vorming van de hoog-resisitieve NiSi2 fase bij hogere
temperatuur. In dit deel wordt Pt zowel toegevoegd als toplaag (Pt/Ni/Si),
tussenlaag (Ni/Pt/Si) of als legering Ni(Pt)/Si. De manier waarop Pt wordt
toegevoegd blijkt van cruciaal belang voor de lage-temperatuursfasevorming,
de opbouw van mechanische spanning in de film, en de preferentie¨le orie¨ntatie
van de Ni1−xPtxSi korrels. Toevoeging van Pt als toplaag en legerings-
element vertoont zowel in transie¨nte fasevorming als in korrelorie¨ntatie sterke
gelijkenissen met het normale Ni/Si systeem. Pt toevoegen als tussenlaag
minimaliseert echter de vorming van de Ni-rijke lage-temperatuursfases en
leidt tot de vorming van een monosilicidefase met een sterke epitaxiale
voorkeursalignering, in sterk contrast met de typische axiotaxiale NiSi-
korrel alignering, wanneer deze fase gevormd wordt uit het normale Ni/Si
systeem. Verder blijkt dat deze sterke voorkeursorie¨ntatie leidt tot een hogere
opbouw van thermische spanning in de finale monosilicidefase. Deze kan
verklaard worden aan de hand van de anistrope thermische eigenschappen
van de NiSi fase, gekarakteriseerd door een contractie langsheen de b-as bij
opwarmen. Alle resultaten wijzen op een sterke correlatie tussen de lage-
temperatuursfasevorming, de preferentie¨le orie¨ntatie van de NiSi film, en de
thermische spanning die opgebouwd wordt in de NiSi film.
Invloed van opmengen van Ni en Si op de fasevorm-
ing in het Ni/Si systeem
In hoofdstuk 4 wordt Si, een elementaire component van de gewenste NiSi
fase, vooraf gedeeltelijk opgemengd in een 50 nm Ni film. De fasevorming
in deze laag wordt systematisch met behulp van in situ X-stralendiffractie
onderzocht op zowel inerte substraten (siliciumdioxide) als op reactieve Si-
substraten. De Ni-Si opmenging zorgt ervoor dat de initie¨le reactie wijzigt van
een complex diffusie-gecontroleerd karakter (waarbij een van de ongereageerde
componenten dient te diffunderen naar het reactiegrensvlak om de reactie te
laten doorgaan) naar een kristallisatie-gecontroleerde reactie (waarbij Ni en Si
zich reeds lokaal in een bepaalde concentratie bevinden en mits kleine lokale
herschikking tot fasevorming kunnen overgaan).
Controle van de initie¨le Ni/Si concentratie in de laag leidt tot een
systematische controle van de eerste Ni-silicide fase die vormt, waarbij
de eerstvormende fase bij lage Si concentraties overeenstemt met de fase
die thermodynamisch verwacht wordt volgens het EHF (Effective Heat of
Formation) model. Een opmerkelijke observatie in dit systeem is echter de
initie¨le vorming van een hexagonale fase bij lage temperatuur, in sterk contrast
met de typische temperaturen waarop dergelijke hexagonale θ-NixSiy fase
onder thermodynamische evenwichtscondities verwacht wordt (> 826 ◦C). De
lage-temperatuur hexagonale fase vertoont een brede potentie¨le compositie,
varie¨rend tussen Ni0.66Si0.33 en Ni0.53Si0.47, welke wordt gerelateerd aan de
mogelijkheid tot inbouwen van vacatures op Ni sites in het hexagonale θ-
Ni2Si rooster. De brede potentie¨le compositie wordt beschouwd als de oorzaak
waarom deze per definitie metastabiele fase preferentieel kristalliseert.
Op Si(100) leidt deze brede potentie¨le compositie van de metastabiele
hexagonale fase bovendien tot de mogelijkheid tot epitaxiale alignering van
enerzijds de hexagonale Ni-silicide fase, maar anderzijds eveneens van de
daaropvolgende NiSi fase. Dit resultaat suggereert een mogelijk verband tussen
de microstructuur van moeder- en dochterfase.
Invloed van opmengen van Si en legeringselementen
op NiSi agglomeratie
In hoofdstuk 5 wordt onderzocht wat het effect is van het opmengen van
40 atomair % Si en kleine hoeveelheden (typisch 10 atomair %) ternaire
legeringselementen (Ta, Ti, W) op de fasevorming en karakteristieken van
dunne (10 nm) Ni films. Analoog als in het geval van 50 nm Ni lagen, leidt
het vooraf opmengen van 10 nm Ni and Si tot de vorming van een sterk
epitaxiaal gealigneerde metastabiele hexagonale θ-Ni-silicide met extreem
grote korrels (orde µm). De hieruit groeiende NiSi film vertoont eveneens een
sterke alignering, en vertoont nog grotere korrels (orde 10 µm). Deze NiSi lagen
vertonen een significant verbeterde morfologische stabiliteit. De specifieke NiSi
microstructuur laat toe de degradatie van de NiSi laag door agglomeratie uit
te stellen met meer dan 150 ◦C. Deze observatie wijst op het grote belang
van de NiSi microstructuur op zijn morfologische stabiliteit. Van Ta, Ti en
W werd reeds experimenteel vastgesteld dat initieel legeren met welgekozen
hoeveelheden de morfologische stabiliteit van een NiSi laag kan verbeteren.
Door de aanwezigheid van ternaire elementen worden vele factoren eigen
aan de Ni-silicide vorming gelijktijdig be¨ınvloed: kinetiek, nucleatiebarrie`res,
korrelorie¨ntatie... Tot op heden werd dan ook geen eenduidige fysische
verklaring gevonden omtrent de exacte oorzaak van deze verbetering van de
laagstabiliteit. De resultaten tonen aan dat de toevoeging van deze elementen
de initie¨le vorming van een epitaxiale metastabiele hexagonale Ni-silicide fase
induceert, en dat de finale NiSi fase dezelfde opmerkelijke epitaxiale alignering
vertoont als deze wanneer 40 % Si wordt toegevoegd.
Het initie¨le opmengen van elementaire componenten
en de fasevorming in binaire Co/Si and Ni/Ge
systemen
Het concept van het initieel opmengen van de elementaire componenten van
een gewenste fase, kan toegepast worden op verschillende binaire systemen.
In hoofdstuk 6 wordt de invloed van initieel toevoegen van Si en Ge in
respectievelijk het Co/Si en Ni/Ge systeem onderzocht met behulp van in
situ X-straal diffractie technieken. In beide gevallen induceert deze opmenging
een alternatieve initie¨le silicide (respectievelijk germanide) fasevorming. In het
Co/Si systeem leidt toevoegen van 43-49 % Si tot een CoSi laag met extreme
korrelgrootte. De vermindering van het aantal ternaire nucleatiesites stelt de
daaropvolgende CoSi2 nucleatiereactie uit met meer dan 100
◦C.
Het Ni-Ge systeem vertoont gelijkenissen met het Ni/Si systeem, en
NiGe wordt in de toekomst als mogelijke vervanger van NiSi gepostuleerd.
Het opwarmen van de Ni(Ge) legering, op zowel inerte oxide substraten
als op reactieve Ge(100) substraten biedt de mogelijkheid van controle
van de germanidefases die de vorming van de technologisch relevante NiGe
fase voorafgaan. In specifieke composities leidt de vaste-stofreactie tot de
onverwachte initie¨le vorming van metastabiele hexagonale Ni-germanides op
lage temperatuur.
CONTENTS i
Contents
1 Introduction to Ni-Si solid-state reaction 5
1.1 Diffusion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 6
1.1.1 Diffusion equation . . . . . . . . . . . . . . . . . . . . . 6
1.1.2 Single layer growth . . . . . . . . . . . . . . . . . . . . . 8
1.2 Classical nucleation theory . . . . . . . . . . . . . . . . . . . . . 10
1.3 First phase formation . . . . . . . . . . . . . . . . . . . . . . . 12
1.3.1 First phase selection by thermodynamics . . . . . . . . 14
1.3.2 First phase selection by kinetics . . . . . . . . . . . . . . 16
1.3.3 Kinetics and Thermodynamics: a compromise . . . . . . 18
1.4 Solid-state reaction in the Ni-Si bilayer system . . . . . . . . . 19
1.4.1 Phase formation . . . . . . . . . . . . . . . . . . . . . . 21
1.4.2 NiSi degradation mechanisms . . . . . . . . . . . . . . . 23
1.5 Stress development in metal/Si system . . . . . . . . . . . . . . 26
1.5.1 Silicidation stress development: Zhang&d’Heurle model 36
1.5.2 Relevance of film stress development . . . . . . . . . . . 39
1.6 Ni-Si stress evolution . . . . . . . . . . . . . . . . . . . . . . . . 41
1.6.1 Growth stress development . . . . . . . . . . . . . . . . 41
2 Experimental method 43
2.1 In situ characterization methods . . . . . . . . . . . . . . . . . 43
2.1.1 The in situ set-up at Ghent University . . . . . . . . . . 44
2.1.2 Film stress measurements: multi-beam optical method . 45
2.1.3 In situ sheet resistance measurement . . . . . . . . . . . 55
2.1.4 Laser Light Scattering - Roughness measurement . . . . 56
2.1.5 Phase identification: X-Ray Diffraction (XRD) . . . . . 57
2.2 Ex situ characterization methods . . . . . . . . . . . . . . . . . 57
2.2.1 X-Ray Diffraction (XRD) . . . . . . . . . . . . . . . . . 57
2.2.2 Pole figures . . . . . . . . . . . . . . . . . . . . . . . . . 57
2.2.3 Electron BackScatter Diffraction (EBSD) . . . . . . . . 58
ii CONTENTS
2.2.4 Rutherford Back Scattering (RBS) . . . . . . . . . . . . 58
3 Effect of Pt on stress development in the Ni/Si system 59
3.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 59
3.2 Experiments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 60
3.3 Results: addition of Pt . . . . . . . . . . . . . . . . . . . . . . . 61
3.3.1 In situ measurements: phase sequence and growth stress 61
3.3.2 Thermal stress . . . . . . . . . . . . . . . . . . . . . . . 70
3.3.3 Ex situ study: Texture of Ni1−xPtxSi . . . . . . . . . . 72
3.4 Discussion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 75
3.4.1 Growth stress and phase formation . . . . . . . . . . . . 75
3.4.2 Thermal stress . . . . . . . . . . . . . . . . . . . . . . . 77
3.5 Addition of Pd . . . . . . . . . . . . . . . . . . . . . . . . . . . 82
3.6 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 84
4 Phase formation in Ni(Si) intermixed layers 87
4.1 Experiments - Depositions and techniques . . . . . . . . . . . . 90
4.2 Ni-Si mixed layers on oxide . . . . . . . . . . . . . . . . . . . . 93
4.2.1 Phase formation - experimental results . . . . . . . . . . 93
4.2.2 Low-temperature nucleation of a hexagonal silicide . . . 96
4.2.3 First phase: Matching EHF model and experiments . . . 100
4.2.4 Extended θ-Nickel-silicide composition . . . . . . . . . . 103
4.2.5 Extended θ-phase composition: first-phase consequences 113
4.3 Ni-Si mixed layers on Si(100) . . . . . . . . . . . . . . . . . . . 120
4.3.1 Phase formation - experimental results . . . . . . . . . . 120
4.3.2 Initial phase formation . . . . . . . . . . . . . . . . . . . 125
4.3.3 The low-temperature hexagonal phase . . . . . . . . . . 125
4.4 Ex situ measurements: NiSi characteristics . . . . . . . . . . . . 148
4.4.1 Texture . . . . . . . . . . . . . . . . . . . . . . . . . . . 148
4.4.2 Residual stress NiSi film . . . . . . . . . . . . . . . . . . 153
4.5 Relevance of the results for literature . . . . . . . . . . . . . . . 156
4.5.1 Refractory elements addition: NiSi texture agreement . 156
4.5.2 Phase formation in the conventional Ni/Si(100) system 157
4.5.3 Θ-phase on poly-Si - Fully-Silicide Gates . . . . . . . . . 158
4.6 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 159
5 Effect of hexagonal silicide on NiSi morphological stability 163
5.1 Silicidation of 10 nm Ni(Si)/SOI . . . . . . . . . . . . . . . . . 164
5.2 Improvement of NiSi agglomeration by metallic alloying . . . . 174
CONTENTS iii
5.2.1 Literature . . . . . . . . . . . . . . . . . . . . . . . . . . 174
5.2.2 Experiments: Effect of alloying on phase formation . . . 176
5.2.3 Discussion . . . . . . . . . . . . . . . . . . . . . . . . . . 178
5.3 Conclusions: transient hexagonal phase . . . . . . . . . . . . . . 182
6 Phase formation in Co-Si/Si and Ni-Ge/Ge system 185
6.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 185
6.2 Silicidation of Co(Si) mixed layers . . . . . . . . . . . . . . . . 186
6.2.1 Literature . . . . . . . . . . . . . . . . . . . . . . . . . . 186
6.2.2 Experiments . . . . . . . . . . . . . . . . . . . . . . . . 190
6.2.3 Results . . . . . . . . . . . . . . . . . . . . . . . . . . . 191
6.2.4 Phase formation on Si(100) . . . . . . . . . . . . . . . . 195
6.3 Phase formation in amorphous Ni(Ge) mixed layers . . . . . . . 204
6.4 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 206
A Modelling the stress evolution during silicidation 223
A.1 Modelling stress evolution: extension of Zhang&d’Heurle model 224
A.1.1 Calculation of isothermal model by Zhang&d’Heurle . . 224
A.1.2 Extension of the model to arbitrary temperature profiles 229
A.2 Iterative model: growth stress during ramped annealing . . . . 233
A.3 Iterative model: thermal stress during ramped annealing . . . . 242
A.4 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 242
B In situ stress measurements in the Ni/Si system 245
B.1 Effect of substrate dopants on Ni silicidation stress development 245
B.2 Stress development in Ni(Si)/Si system . . . . . . . . . . . . . . 246
iv CONTENTS
CONTENTS 1
Motivation
Silicides are compounds between a metal and silicon. In micro-electronics they
are used to lower the contact resistance to the source and drain regions of the
Metal-Oxide-Semiconductor (MOS) transistor. On top of the gate, a silicide
is used to reduce the resistance of the poly-Si interconnections.
At the end of the eighties, the SALICIDE (self-aligned silicide) process was
developed, allowing to form the silicide layers simultaneously on source/drain
and gate. In general, a metal layer is deposited onto the entire wafer (i.e.
on the active Si regions and the inert SiO2). Upon annealing, silicidation
occurs in those regions where the metal is in contact with silicon. A selective
etching step then allows to remove the unreacted metal on the SiO2 regions. If
needed (depending on the considered silicide), an additional heating step can
be performed to lower the silicide resistivity.
In micro-electronics, there is a continuous trend toward device miniaturization,
in order to increase the number of transistors on a chip, and to increase
the performance (speed) of the devices. The scaling down of the devices
automatically implies the need for down-thinning of the silicide layers (see
table 1).
Table 1: Goals or ‘nodes’ for materials due to the rapid decrease in chip
size, according to the International Technology Roadmap for Semiconductors
(ITRS)(2007)
Year of production 2004 2007 2008 2009 2010 2012
technology node (nm) 90 68 59 52 45 36
gate length (nm) 37 25 23 20 18 14
Max. Si consumption 20.4 13.8 12.7 11 9.9 7.7
Silicide thickness (nm) 20 17 15 13 12 9
Silicide sheet resistance (Ω/sq.) 9.6 9.6 10.5 12.1 13.5 17.3
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Table 2: Properties for common self-aligned silicides
silicide CoSi2 C-54 TiSi2 NiSi
Thin film resistivity (µΩcm) 15-20 15-20 10.5-15
Proportion of Si consumed per nm 3.6 2.3 1.8
Formation temperature (◦C) 500 750 250-400
Melting temperature (◦C) 1326 1500 992
Typical room temperature stress (GPa) 1.1 2.1 0.72
Historically, when limits to the usability of a particular silicide arose, this
problem could initially be solved by replacing one silicide by another one:
TiSi2 metallization has been used for the 0.5 µm generation and was later
replaced by CoSi2 for <0.25 µm technology; for gate lengths below 40 nm,
CoSi2 is now being replaced by NiSi (see table 2 for typical advantages and
drawbacks of these silicides). Nowadays, the required NiSi film thickness has
become particularly thin, in such way that controlling the silicide properties
has become a key challenge for NiSi integration. More particular, the NiSi
film suffers from thermal instability. Currently, a key challenge for NiSi
implementation lies within improving the sensitivity of the NiSi film to
agglomeration.
What has been studied in this work?
This work mainly focuses on the possibility of modifying the Ni/Si phase
sequence, through addition of extra elements within the as deposited Ni film.
We investigate the effect of pre-mixing and/or alloying on the microstructure
and properties of the targeted NiSi film. We divide the thesis in three parts:
• The addition of certain elements M (such as Pt and Pd) is known to lead
to the formation of a solid-solution Ni1−xMxSi phase that exhibits an
improved thermal stability to NiSi2 nucleation. We perform an in situ
investigation of the effect of Pt addition on the transient phase formation
and stress development prior to NiSi formation. Results of this study are
reported in chapter 3.
• Second, we study the effect of pre-mixing Si in the deposited Ni film.
The addition of Si is intuitively expected to modify the phase sequence
preceding NiSi formation. We study this phase formation, and focus on
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the effect on the properties of the final NiSi. These results can be found
in chapter 4. The same concept of pre-mixing an elementary component
is applied to the case of Co-silicides (where Si is pre-mixed) and Ni-
germanides (where Ge is pre-mixed). Results can be found in chapter
6.
• In chapter 5, we report on the effect of pre-mixing and alloying on the
agglomeration behavior of NiSi, for NiSi films with a thickness relevant
for technological application. In particular, we investigate the effect of
pre-mixing 40 % Si on the microstructure of 20 nm NiSi, and compare
the results with the effect of ternary insoluble elements.
To conclude, appendix A presents a theoretical consideration of the stress de-
velopment during metal silicidation. A theoretical model by Zhang&d’Heurle
that describes stress development associated with phase formation from metal/
Si upon isothermal annealing, is applied to the case of isochronal annealing.
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Chapter 1
Introduction to Ni-Si
solid-state reaction
Introduction
Silicides are compounds of a metal (M) and silicon (Si). For microelectronic
applications, thin silicide layers are generally produced via solid-state reaction
of a thin layer of M, deposited on a Si substrate. Generally, the as deposited
combination of these two materials (M and Si) is not in thermodynamical
equilibrium (figure 1.1). Heating provides the required energy for the system
to overcome the energy barriers for solid-state reaction. Intermediate silicides
form, driven by the need of the system to finally achieve a silicide/Silicon
combination in thermodynamical equilibrium. In thin films, the reaction
between M and Si usually results in the sequential formation of various MxSiy
phases (figure 1.2). Because of the higher mobility of metal (or lower mobility
of Si), metal rich phases are usually expected to form first, followed by Si rich
phases. Depending on the required silicide properties, the heating conditions
to which the M/Si system is subjected, are adapted in order to select the
desired silicide compound.
The formation of a new compound is dictated by two mechanisms: its initial
nucleation (related to thermodynamics, the driving force for the reaction to
occur), and further growth of this compound (which is related to diffusion
kinetics). Both effects should be considered when analyzing the compound
formation. In general, one of these two mechanisms (thermodynamics, or
kinetics) will be the mechanism that limits or controls the compound
formation, and the reaction is called either nucleation controlled or diffusion
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controlled. Generally, diffusion limited reactions are preferred above nucleation
controlled reactions, as diffusion of atoms is generally slower and therefore
easier to keep under control in a process.
1.1 Diffusion
1.1.1 Diffusion equation
When discussing atomic diffusion, the first equation that comes to mind is
Fick’s equation, relating the atomic flux JA of a species A to an atomic
concentration gradient dcA/dx as
JA ∝ DA
(
−
dcA
dx
)
(1.1)
with cA [at./m
3] the (local) concentration of species A, and DA [cm
2s−1]
the diffusion coefficient. The latter expresses the extent to which a specific
species diffuses through a specific phase, and depends strongly on temperature
through:
D(T ) = D0 · exp
(
−∆Gkin
k · T
)
(1.2)
with ∆Gkin the activation energy for diffusion, and k the Boltzmann factor.
In case of silicide growth, problems arise with the interpretation of equation
1.1. The concentration gradient dcadx is (1) not known, (2) likely extremely
small (as silicides are usually strict stoichiometric compounds), and (3) its
temperature dependency is not known [2].
In general, an atomic flux can be written in the form of
flux = (concentration) · (mobility) · (driving force) (1.3)
Based on this intuitive concept, a better representation of JA in case of silicide
growth, is provided by the Nernst-Einstein equation:
JA = cA ·
Dn.e.A
kT
·
(
−
dµ
dx
)
(1.4)
1.1 Diffusion 7
Figure 1.1: The parabolic variation of free energy as a function of composition for
several phases in an A/B binary system at a temperature T [1]. The system A/B is
not in thermodynamical equilibrium. Upon heating, the system will form intermediate
phases in order to lower its free energy. The presented system is representative for a
typical M/Si system .
This equation represents the atomic flux Ja [at.m
−2s−1] in relation to the
actual driving force that causes atoms to diffuse i.e. a reduction of the chemical
potential µ, represented by the gradient dµ/dx [eV/m]. The factor Dn.e.A /kT
then represents mobility, with Dn.e.A the Nernst-Einstein diffusion coefficient
(in general Dn.e.A 6= D
f.
A , unless there is no interaction between both A and B
species). It can be shown that eq. 1.4 reduces to equation 1.1, in the case that
one is dealing with an ideal mixture of species A and B (which implies the
assumption of no interaction between the species). With the assumption that
there is no concentration gradient, JA, D
n.e.
A and cA are then constants; from
equation 1.4, the chemical potential gradient should then also be constant. By
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Figure 1.2: Simplified representation of the sequential formation of intermediate
MxSiy silicide phases upon heating of a metal (M) deposited on a Si substrate.
Generally, Si is consumed and the sequential silicides are more Si rich.
integration over the full layer thickness, JA can then be written as
JA = −cA ·
Dn.e.A
kT
·
(
∆GA
l
)
(1.5)
in which l represents the total thickness of the layer that is to be diffused
through; ∆GA represents the gain in free energy per mobile atom A that
reacts into the daughter compound (i.e. ∆GA = ∆G/p in case of growth of
ApBq). The factor cA represents the total number of A atoms per unit volume
in the growing phase (i.e. cA = C ·N , with C the relative concentration of the
A atoms per molecule of the new phase (f.i. pp+q in case of growth of ApBq)
and N is the total number of atoms per unit volume).
1.1.2 Single layer growth
The above equation for the flux in an atomic layer through a thin film can
now be used to model the evolution of the thickness of a growing silicide layer.
For simplicity we focus on a two-phase system of a film M deposited on a Si
substrate. A single daughter phase M2Si forms through the reaction 2·M + Si
→M2Si, driven by a decrease in energy ∆G per mole of formed M2Si (see figure
1.3). As soon as a lateral layer of this daughter phase has formed, no direct
contact between the unreacted M species and Si substrate exists anymore; for
further growth to proceed, one of the reacting species necessarily has to diffuse
through the formed M2Si layer. Depending on which element is most mobile
in the M2Si layer, either M diffuses toward the M2Si/Si interface, or Si toward
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Figure 1.3: Representation of diffusion controlled growth of phase M2Si, by reaction
of a metal M and substrate Si. M is the most mobile species and diffuses through the
phase (with increasing thickness L) to the M2Si/Si interface resulting in systematic
further growth of M2Si. J1 represents the flux of atoms through the layer.
the M/M2Si interface. The diffusion coefficients of M and Si through M2Si are
respectively represented by DM and DSi.
Generally, one of the species diffuses faster through the phase than the other
one. Suppose M is in our case the fastest diffusing species, i.e. JM >> JSi.
The growth of the phase with time then directly relates to the flux of M atoms
through
dL
dt
= Ω JM vM (1.6)
in which L represents the M2Si thickness, and vM represents the growing film
volume increase per transferred atom M i.e. vM = 1/cM . The geometrical scale
factor Ω relates the diffusion coefficient to the thickness of the growing film.
Combining equations 1.5 and 1.6 leads to
dL
dt
= Ω
−DM∆GM
kT
1
L
(1.7)
When solving this equation, the film thickness l evolves with time t as
L2 = Ω K t with K = 2 · αM = −2 ·DM
∆GM
kT
(1.8)
The value αM (which is > 0 since ∆GM < 0) is called the diffusivity.
The silicide layer thickness varies as the square root of time. The parabolic
law is characteristic of diffusion controlled growth and shows good agreement
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with experimental observations. It can be understood that according to this
theory, mathematically, an infinitely thin layer (such as at the initial stage
of formation) implies an infinite increase of the film growth rate (which is
physically impossible). This problem can be circumvented with the aid of
a mathematical trick; the reader is referred to excellent considerations in
literature on this topic [2]. Consequently, the initial stage of the silicide growth
is believed to occur at a slower rate; diffusion controlled silicide growth is then
said to follow linear-parabolic kinetics.
1.2 Classical nucleation theory
A reaction is nucleation controlled, when the thermodynamically driven
reaction itself limits the compound formation. Somewhere in between the
phases that are already present in a system, small nuclei of a new phase are
formed. This concept is well-known in case of the solidification of a liquid
(crystallization).
The main condition for nucleation to be reaction-rate controlling, is that the
change in free energy ∆G associated with the reaction (i.e. the driving force for
the phase transition) is small. If this change in free energy ∆G is expressed per
unit volume, the creation of a nucleus with radius r induces a change in free
energy proportional to ar3∆G, where a is a geometrical factor that describes
the shape of the newly formed nucleus. On the other hand, the formation of
a nucleus requires the creation of new interfaces, resulting in an energy cost.
The change in interface energy ∆σ is expressed per surface unit; the total cost
required for the nucleus formation is given by br2∆σ in which b is again a
geometrical factor.
The total free energy change associated with the creation of the nucleus is
then given by
∆Gn(r) = −a r
3∆G+ b r2∆σ (1.9)
The sign of both terms explicitly expresses the difference in the respective
‘gain’ and ‘loss’ of energy.
Fig. 1.4 shows a graphical representation of the change in free energy as a
function of the radius of the formed nucleus (equation 1.9). If the formed
nucleus of the compound is small (r < r∗), it is thermodynamically unstable,
as the maintenance and further growth of the new phase requires more energy.
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Figure 1.4: Graphical representation of the energy balance associated with formation
of a nucleus with radius r.
Such nucleus can only temporarily be formed by a thermal fluctuation of the
system. Yet, when the radius of the initially formed nucleus exceeds the critical
radius r∗, the system can lower its energy by further increasing the nucleus
radius, thus giving rise to the systematic further growth of this new phase.
One can calculate this critical radius r∗ and the nucleation activation energy
∆G∗, by differentiation of eq. 1.9:
r∗ =
2 ∆σ
∆G
(1.10)
∆G∗ =
16π (∆σ)3
3 (∆G)2
∝
(∆σ)3
(∆G)2
∝
(∆σ)3
(∆H − T∆S)2
(1.11)
This last relationship 1.11 between the activation energy ∆G∗ and the change
in free energy ∆G is of high importance for nucleation. ∆G is given by
∆G = ∆H − T∆S (1.12)
in which ∆H is the standard heat of formation, T is temperature and ∆S the
change in entropy associated with the phase transition. In general, the change
in entropy is small compared to ∆G in solid-state formation; ∆H is usually
taken as a good measure for ∆G.
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The rate at which nuclei form and grow is also related to the critical energy
to overcome (∆G∗) through:
ρ∗ ∝ exp
(
−∆G∗
kT
)
exp
(
−Q
kT
)
(1.13)
The growth rate depends on the number of nuclei reaching the critical size
(first factor), and on the local atomic rearrangement needed to form the initial
nucleus through Q, the kinetic activation energy for this local rearrangement.
The growth rate ρ∗ strongly depends on temperature. As nucleation typically
occurs at higher temperatures (because of the small ∆G, and thus high ∆G*),
equation 1.13 explains why nucleation controlled reactions generally occur fast
in a very narrow temperature window.
Thin films We focus on the specific case of nucleation in a solid planar
two-phase system. The total amount of energy to be overcome for nucleation
is given by equation 1.11. The system evolves from a two-phase system into a
three-phase system. The nucleation principle is illustrated in figure 1.5 for the
nucleation controlled transition NiSi + Si → NiSi2, characterized by a change
in enthalpy of about -2 kJ/(mol of Ni atoms) [3].
The change in surface energy ∆σ associated with the reaction, can be specified
in the form of ∆σ= σfinal - σinitial as
∆σhomogeneous = (σNi2Si/NiSi + σNi2Si/Si
)− σNiSi/Si. (1.14)
in case of homogeneous nucleation (at NiSi/Si interface), or
∆σheterogeneous = (σNi2Si/NiSi
+ σNi2Si/Si
)− σNiSi/Si − σNiSi/NiSi.
(1.15)
in case of heterogeneous nucleation (at a triple grain boundary/interface
point).
1.3 First phase formation
For many years, people have tried to understand the mechanism by which
the first phase that forms upon heating of a planar M/Si system, is selected.
1.3 First phase formation 13
Figure 1.5: Nucleation of NiSi2 through NiSi + Si → NiSi2. The figure illustrates
both homogeneous (at a double grain boundary site) and heterogeneous nucleation
(at a triple grain boundary site).
The prediction of the first forming phase upon silicidation is a very complex
problem in which many aspects of kinetics and thermodynamics are involved.
Many years of research did not provide us with a clear way to predict this first
phase.
It is generally accepted that the first feature occurring upon heating of a M film
deposited on a Si substrate, is the formation of a thin amorphous (i.e. without
long-range ordering) M-Si mixed layer at the interface. The reaction leading
to the formation of this layer is referred to as the Solid-State-Amorphization
Reaction (SSAR). Such amorphous interlayer formation was initially observed
in metal-alloys; later, it was also detected in respectively metal/a-Si and
metal/crystalline-Si systems. Three essential factors were found that permitted
the initial formation of an amorphous interlayer [4]:
1. the fast diffusion of one component into the other (kinetics),
2. a negative heat of mixing of the amorphous mixture (thermodynamics),
and
3. sufficiently low temperatures to suppress either nucleation/growth of the
thermodynamically preferred crystalline compounds.
As this amorphous layer precedes first-phase formation, its characteristics are
essential for a better insight in the first crystalline phase selection mechanism.
The composition of this layer is found to be heterogeneous, ranging from more
Si-rich at the Si interface toward more metal-rich at the metal interface. It has
been experimentally observed that this metastable metal-Si amorphous layer
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is limited in thickness. The layer grows until it reaches a critical thickness.
Once this thickness is reached, crystalline phases nucleate [5].
Thermodynamics necessarily provides the driving force for compound crystal-
lization in this amorphous mixed layer. However, the concentration gradients
within this amorphous layer and the need for diffusion to form a crystalline
compound indicate with specific composition, indicate that kinetics will also
play an important role in the formation of the first phase. Several theories
have been developed in order to understand the mechanism by which the first
forming phase is selected. The theories can be roughly divided into two schools
of thoughts, with either thermodynamics, or kinetics being the mechanism that
controls first-phase selection.
1.3.1 First phase selection by thermodynamics
Initial work Historically, the first model that tried to explain the first
forming phase by means of thermodynamics was postulated by Walser and
Bene´ in 1976 [6]. They postulated that during the initial reaction, a glassy
membrane forms at the metal/Si interface. This glassy membrane is supposed
to be a very thin amorphous region, with a concentration that corresponds
to the composition of the lowest-temperature eutectic. The thickness of this
glassy interface layer increases, until it reaches a critical (unstable) thickness,
after which the first crystalline compound nucleates within this region. The
authors supposed that atomic diffusion in the initial stage of nucleus formation
is limited, and that thermodynamics selects the first phase as the one causing
the biggest free energy change: ‘The first compound nucleated in planar binary
reaction couples is the most stable congruently melting compound adjacent to
the lowest-temperature eutectic on the bulk equilibrium phase diagram.’.
The model showed a relative success in predicting the first formed phase: for
a total of 84 binary systems, the model could predict the first phase in 67
cases. However, critical reviewers [4] stated that the experimental data on the
first phase should be treated with care, as the applied techniques suffered from
limited sensitivity. Therefore, it is hard to really evaluate the success of the
proposed model.
Effective Heat of Formation (EHF) Pretorius et al. [7, 8] formulated a
model that allows for a quantitative prediction of the first nucleating phase at
a metal/Silicon growth interface, by using thermodynamic data as the change
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in enthalphy ∆H0. As mentioned before, for solid-state reactions, ∆H0 is
typically a good estimation for the change in free energy ∆G associated with
the phase formation.
The authors attributed the failure of the model by Walser and Bene´ to the fact
that this model did not take into account the atomic ratio at the interface. The
atomic ratio of the species present at the growth interface (further referred to
as effective concentration) generally does not match to the composition of a
binary compound. Hence, one of the species exhibits an effective concentration
that is lower than the concentration of any stoichiometric compound, and is
thus limiting the formation of that compound. Any deviation of the exact
stoichiometric composition proportionally decreases the energy released when
the compound is formed i.e. for every compound ∆H0 can be redefined into a
concentration dependent heat of formation ∆H
′
, named the Effective Heat of
Formation (EHF):
∆H
′
eff = ∆H
0 effective concentration limiting element
compound concentration limiting element
(1.16)
with ∆H
′
eff and ∆H
0 expressed in kJ per mole.
Presenting ∆H
′
eff versus the effective concentration results in a typical diagram
as given in figure 1.6 for Ni-Si. The congruent phase that has the most favorable
EHF at that specific effective concentration is the one expected to form
first1. The excess of atoms not used for initial stoichiometric crystallization
is assumed to remain somehow available for formation of following phases.
The model generally does not take into account whether phases are able to
nucleate or not, it only deals with the driving force for the reaction. In a way
to at least partially deal with nucleation barriers, non-congruent phases are
not supposed to form readily, due to their typically high nucleation barrier. As
in this EHF model, elementary species are supposed to be readily available,
the model mainly deals with thermodynamics in predicting the compound
formation in an intermixed layer with a given composition.
The problem for predicting the first phase in a real bilayer solid-state reaction,
is the fact that it requires knowledge on this effective concentration of the
intermixed metal-Si layer at the growth interface. This concentration at
the interface can not be calculated theoretically. Some atomic intermixing
1The temperature dependency of ∆H (and ∆S) is generally minimal and therefore
neglected.
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should occur at the interface, and kinetics should then (at least partially) be
considered to determine the effective atomic concentration at the metal/Si
interface. Brown & Ashby found that solid-state diffusion correlates with
the melting point of the solid. As a consequence, the most effective mixing
at the interface is then supposed to be related to the composition of the
liquidus minimum of the binary metal-Si system. In agreement, Pretorius et
al. used the concentration at the liquidus minimum in the phase diagram as
a measure for the concentration of the amorphous layer, in order to deal at
least partially (as the model does not deal with mass transport) with kinetics
that are certainly involved in thin film formation. The following phase rule can
then be formulated: Phases will react with each other to form a phase with a
composition lying between that of the interacting phases, whose effective heat
of formation, calculated at the concentration closest to that of the liquidus
minimum within this composition range, is the most minimum.
The EHF model allowed to predict the first forming phase in 68 of a total of
84 investigated systems. In particular, for the Ni/Si system, the EHF for every
compound is listed in table 1.1. The EHF theory suggests initial nucleation of
NiSi or δ-Ni2Si. One should note that uncertainties on the value of ∆H can
be as high as 10%.
1.3.2 First phase selection by kinetics
A very intensive theoretical study on kinetics controlling the first-phase
formation in M/Si systems was done by d’Heurle [1, 2, 9]. The theory excludes
nucleation from being the mechanism that controls the first-phase formation,
as the change in energy ∆G to form a first phase from its elementary
components is normally sufficiently high, and hence not expected to be rate-
controlling during the formation of the first phase.
The theory assumes that initial phase nucleation is laterally uniform, and
that multiple phases can start to grow simultaneously at different reaction
interfaces. Out of all the phases that can initially form simultaneously,
the phase that is actually observed as ‘first phase’, is then the one that
grows fastest i.e. the one that has the fastest supply of mobile atoms to
the growth interface, so that the growth at this interface proceeds faster
than the (possible) consumption at another reaction interface. Other present
growing phases that are consumed at a faster rate than grown at the other
interface, are likely very thin and possibly below the detection limit. The
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Figure 1.6: The ∆Heff diagram and phase diagram for the Ni-Si system. The dashed
lines indicate non-congruent phases. Note that the values for ∆H ′ of δ-Ni2Si and NiSi
are nearly identical and cannot be distinghuished when taking into account typical
error bars on thermodynamic data [7].
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first (detected) forming phase is then the one that actually wins this kinetic
growth competition. This rule of kinetics determining the first phase selection
was summarized [1] as: Generally, one gets that which grows.
The concept of kinetics being responsible for the selection of the first phase,
is mainly based on the differences in atomic diffusion coefficients for atoms in
different compounds. Atomic diffusion coefficients can differ by several orders
of magnitude, especially at the relatively low temperatures where the first
growing phase is selected. This is in strong contrast with the typical heats of
formation ∆H0 for the different compounds, for which the relative differences
for the compounds are assumed to be too small (factors of the order of 2
or 3) to fully determine the first phase selection. The physical explanation
thereof should be found in the respective dependencies of both quantities on
the melting point: whereas the free energy typically scales linearly with the
melting point, the diffusion coefficient scales exponentially.
Experimentally, HR-TEM for instance confirmed that multiple phases can co-
nucleate within an amorphous layer. This has been observed in the Ti/Si
system [10], and more recently in the Ni-Si system as well [11]. These
observations stress the idea that the free energy change to make the initial
transition of an amorphous layer into a crystalline phase is probably more or
less equal for the potentially forming compounds (see for instance table 1.1).
1.3.3 Kinetics and Thermodynamics: a compromise
Based on the number of cases in which the first phase can be successfully
predicted, both schools of thought on first-phase selection can claim to have
proved their value. However, when it comes to predicting the first phase in
a real bilayer system, a direct application of these theories should be treated
with care. The truth on the first-phase formation is likely a compromise dealing
partially with both theories.
Thermodynamics necessarily provides the driving force for crystallization of an
amorphous layer. Yet, it is unlikely that the selection of the first phase should
be governed by nucleation, as ∆G, the driving force to form a compound
from elementary components, is typically sufficiently high, at least too high
for nucleation to be rate-controlling in the initial stage of phase formation.
Furthermore, even if thermodynamics would lead to the nucleation of a phase
different than the one that grows fastest, this layer would remain extremely
thin. It would be unstable (1) from a kinetic point of view, as it will be
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consumed fast, and (2) from thermodynamic point of view, as the volume free
energy (gain) is too small compared to the surface energy (loss) [2]. In the real
M/Si system, the diffusion controlled growth (i.e. kinetics) thus clearly plays
an important role in the selection of the first phase that can grow until it is
detected.
Unfortunately, the key limit to the direct applicability of the kinetic theory
as stated by d’Heurle is liekly the fact that it deals with mass transport on
a macroscopic scale. The experimentally derived atomic diffusivities, which
should according to the theory be used as quantitative measure determining
the growth rate, are generally diffusivities derived in bulk materials. On
microscopic scale, atomic mass transport is governed by the ability of an atom
to move from one vacancy into another one (fig. 1.7). A thin polycrystalline
film system typically exhibits a particular microstructure, existing of a single
layer of grains. This implies that the concentration of vacancies is mostly found
along the film’s grain boundaries, which can then act as fast diffusion paths
(i.e. fast compared to the lattice mass transport in bulk material). Hence,
diffusivities in film compounds can differ significantly from the diffusivities in
the bulk counterparts. This idea was experimentally confirmed by Barge et al.
for diffusion in the Co-Si system [13]. The authors found that the diffusion
coefficient D is much larger in thin films than in bulk materials, and were
able to correlate this with the difference in grain size for both systems. For
polycrystalline films, the effective resulting diffusion coefficient Deff could then
be written as:
Deff = Dlattice +
δ
2a
Dgrainboundary (1.17)
with a the grain size and δ the grain boundary width. Hence, one should be
careful when directly estimating the fastest growing phase in a binary metal/Si
couple by the diffusivities derived for bulk material. The difference in atomic
diffusivities (and hence the growth rates) for the different phases may then
not be so clearly pronounced as in bulk material.
1.4 Solid-state reaction in the Ni-Si bilayer system
The Ni-Si bulk binary phase diagram is very complex as shown in figure 1.6.
Among the high number of silicide compounds are 4 line phases (Ni31Si12
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Figure 1.7: Illustration of the atomic diffusion process on microscopic scale (figure
taken from [12]). ED represents the diffusion activation energy.
Table 1.1: Nickel-silicides and their crystal structures, prototype, heat of formation
∆H0, and Effective Heat of Formation ∆Heff [7].
Ni phase crystal structure type ∆H0 ∆Heff [7]
(kJ(mol at)−1) (kJ(mol at)−1)
Ni Cubic Cu
β1-Ni3Si Cubic AuCu3 -37.2 -26.5
Ni31Si12 Trigonal Ni31Si12 -42.3 -31.7
δ-Ni2Si Orthorhombic Co2Si -46.9 -37.6
θ-Ni2Si Hexagonal Ni2In ? ?
Ni3Si2 Orthorhombic Ni3Si2 -45.2 -40.3
NiSi Orthorhombic MnP -42.4 -39.4
NiSi2 Cubic CaF2 -29.3 -20.4
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(also known as Ni5Si2), δ-Ni2Si, NiSi, NiSi2) and 5 broad phases (Ni with a Si
solubility up to 16%, Ni3Si2, θ-nickel-silicide, β1-Ni3Si, β2-Ni3Si).
Among these 9 phases, 7 are stable at room temperature, whereas the other 2
phases (θ-nickel-silicide, β2-Ni3Si) are only expected at elevated temperatures.
The silicides and the corresponding enthalpy change ∆H0 are listed in table
1.1. When calculated in kJ(mol.at)−1, ∆H0 represents the energy when the
total number of atoms used up in forming the compound (f.i. 2Ni + 1Si atoms
for formation of δ-Ni2Si) is equal to Avogadro’s number.
1.4.1 Phase formation
In earlier days, the first thin films experiments were performed in relatively
thick layers, eg. Ni films with a thickness of about 100 nm, deposited
on Si(100). The performed heat treatments on the samples were mainly
long isothermal anneals. The phase sequence was initially determined by
characterizing samples at room temperature (i.e ex situ) for multiple anneal
conditions. The Ni thin film reaction with crystalline Si was believed to follow
the simple sequential phase sequence rule that is expected to be typical of thin
film silicidation [14, 15, 16, 17]:
Ni/Si
250◦C−Nidiffusion
→ δ −Ni2Si
350◦C−Nidiffusion
→ NiSi
800◦Cnucleation
→ NiSi2
(1.18)
The diffusion coefficient of Ni is typically significantly higher than that of Si,
which makes that the Ni-rich silicide growth is governed by Ni diffusion.
The availability of in situ X-ray diffraction techniques, allowed for a more
detailed systematic study, by reducing the possibility to miss phases that only
exist in limited temperature ranges [3, 18]. With these techniques, the phase
formation upon heating of thin Ni films on Si(100) turned out to be very
complex: instead of a simple one-by-one phase sequence, at low temperatures,
a complex combination of several Ni-rich silicides was discovered to grow
simultaneously (see figure 1.8). The orthorhombic δ-Ni2Si is observed to be
the first growing phase. Immediately after the initial formation of δ-Ni2Si,
coexisting with the δ-Ni2Si diffraction peaks, other XRD peaks are detected
that can be attributed to none (f.i. the diffraction peak labeled with a question
mark) as well as to any Ni-rich silicide (f.i. the diffraction peak labeled as X).
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Figure 1.8: In situ XRD measurement recorded upon heating of 50 nm Ni/Si(100)
(3 ◦C/s)
Unfortunately, a clear identification of these growing Ni-rich phases is not
obvious, because of
• a simultaneous growth of the Ni-rich silicides,
• a theoretically high number of expected diffraction peaks all over the
place (due to the low symmetry of most of the Ni-rich silicides), in
contrast with the low number of experimentally observed diffraction
peaks. This is an indication that Ni-rich phases appear textured, which
complicates exact phase identification by XRD, as peaks that are
normally present for random polycrystalline samples (according to the
JCPDS database) may then not be detected in a given experimental
geometry.
The NiSi phase, the compound of interest, grows at higher temperatures after
the formation of the Ni-rich phases. As the microstructure and properties of
the resulting NiSi film may depend on its formation history, understanding
the complex metal-rich behavior can be considered a key issue that definitely
needs to be resolved for obtaining a full understanding of the NiSi layer’s
characteristics.
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1.4.2 NiSi degradation mechanisms
Agglomeration
Film agglomeration manifests itself as a break-up of the continuous film
into physically separated islands. As a result, the sheet resistance of the
film increases. This effect can clearly be seen on in situ sheet resistance
measurements upon annealing of a 10n m Ni on SOI substrate. On SEM
images, the separation of the NiSi films into small islands can be visually
confirmed.
The driving force for agglomeration is found in a minimization of surface and
interface energy of the NiSi grains. In view of this driving mechanism, it is
clear that the orientation of the NiSi grains, and thus also the crystallinity of
the substrate [19], can play a major role in the sensitivity of the NiSi layer to
agglomeration:
• It has been observed that thin epitaxial films are less sensitive to
agglomeration than randomly oriented films [20]. As the epitaxial
alignment implies a lower energetic interface than in case of a random
orientation, the benefit for the system to agglomerate is lower as well.
• Contrary, it has been suggested that preferential alignment can promote
agglomeration: Detavernier et al. argued that an axiotaxial alignment
may increase the sensitivity to agglomeration. Axiotaxy occurs when a
low-index plane in the films can preferentially align with a low-index
plane with a similar d-spacing in the substrate [21]. This causes a
periodicity along one direction in the plane of the interface. In the
case of NiSi, the (202) and (211) planes align with the (110) planes
of the substrate. The difference in d-spacing is only 0.05 %. Axiotaxy
can be considered as a 1D alignment, hence situated between a random
interface (no periodicity) and epitaxy (2D periodicity). The 1D interface
periodicity of the axiotaxial grain can be maintained upon curving of
the grain. Hence, the grain can curve in order to reduce its boundary
area, without sacrificing its low-energetic interface.
Besides thermodynamics, kinetics also play an important role in film agglome-
ration. Microstructure is again of high importance for the film’s sensitivity to
agglomeration i.e. through the presence of fast-diffusion grain boundary paths.
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The presence of well-chosen ternary refractory elements (W, Ti, Ta...) is known
to delay NiSi agglomeration [22]. These elements are found to have an influence
on the preferential NiSi orientation (thermodynamics). Furthermore, their
highly concentrated presence at NiSi grain boundaries can significantly slow
down atomic diffusion required for agglomeration (kinetics). Overall, the exact
effect of these elements on the NiSi layer stabilization is unfortunately still not
fully understood. In this work, the effect of the addition of ternary elements
on NiSi agglomeration is reconsidered.
NiSi2 nucleation
From the Ni-Si binary phase diagram, it can be seen that NiSi is not in
thermodynamical equilibrium with Si. Upon heating, the NiSi layer is driven
to react into the high-resisitvity NiSi2 through NiSi + Si → NiSi2. It was
experimentally found that the nucleation of NiSi2 can be delayed by the
addition of alloying elements, depending on the solubility of these additional
elements in either NiSi or NiSi2. The solubility of ternary elements in silicides
is unfortunately not well-known. For binary metallic alloys, it was found
experimentally that the crystallographic structure plays an important role
in the degree of solubility of elements. This reasoning can be extended to
the case of silicides. Similarity or insimilarity in crystallographic structures
of the respective silicides can be used to make an ‘educated guess’ about the
solubility of ternary elements in the respective silicides.
NiSi2 nucleation and alloying
When an extra element is added to a film/substrate system, one is studying
phase formation in a ternary system. Hence, as ∆H is small for nucleation
controlled reactions, other terms such as entropy of mixing ∆S, and additional
energies such as f.i. straining energy ∆Hstrain, might become of particular
Table 1.2: Possible effects of ternary element addition on NiSi2 nucleation
alloying element ∆S change ∆G∗ Elements[23]
soluble in NiSi, insoluble in NiSi2 ∆S << 0 րր Pt, Pd
more soluble in NiSi than in NiSi2 ∆S < 0 ր
less soluble in NiSi than in NiSi2 ∆S > 0 ց Co
insoluble in NiSi, soluble in NiSi2 ∆S >> 0 ցց
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Figure 1.9: Representation of the potential effect (decrease and increase) of ternary
elements on the NiSi2 nucleation barrier, when ∆G is affected.
importance according to equation 1.12. The following principle is explained in
terms of the phase transition of NiSi into NiSi2.
Free energy change ∆G One can distinghuish between two different sorts
of alloying elements, depending on the solubility of the alloying element in
either the existing or the nucleating phase2. First, a metal M is considered,
that is not soluble in NiSi, but fully soluble in NiSi2. NiSi and MSi can coexist
in a system, while the solubility of M in NiSi2 allows for the formation of a
ternary Ni1−xMxSi2 phase in which the added M atoms occupy Ni sites in the
NiSi2 phase.
(1− x) NiSi + x MSi + Si→ Ni1−xMxSi2 (1.19)
This causes an increase of the entropy in the system when going from
monosilicide to disilicide. As for the change in free energy ∆G, this entropy
increase implies:
∆G = ∆H − T∆S
= ∆H − T (Send − Sbegin)
∼= ∆H − T (Send)
2In between these two solubility extrema, other elements exist that show solubility to
some extent in both the existing and the nucleating phase. These intermediate cases are not
explicitly considered here.
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∆G is found to be more negative compared to the Ni/Si bilayer system (i.e.
|∆G| increases). As seen in equation 1.11, this implies an increase of the
activation energy (see figure 1.9). Addition of a small amount of M leads
to a lower NiSi2 nucleation temperature.
The same reasoning can be used to explain the increase of the activation barrier
by the addition of small amounts of a metal N, soluble in the monosilicide.
If the disilicides of Ni and N coexist, while the preceding monosilicide phases
are ‘mixed’, following reaction is to be considered:
Ni1−xMxSi + Si→ (1− x) NiSi2 + x MSi2 (1.20)
and the associated free energy change is given by
∆G ∼= ∆H − T (−Sbegin) (1.21)
A higher value of ∆G (i.e. less negative) increases the nucleation activation
barrier.
Surface energy ∆σ The addition of alloying elements leads to changes
not only in ∆G, but also in the surface energy ∆σ. Generally, values of the
surface energies σ are not known. One is then restricted to making qualitative
conclusions of the effect of ternary elements on the nucleation activation
energy. In case that the presence of ternary elements f.i. induces a strong
preferential alignment of a phase, ∆σ will be lowered [24].
1.5 Stress development in metal/Si system
Upon annealing of a metal/Si system, the (reacting) film inevitably undergoes
certain volume changes, inherent to the annealing process (thermal expansion,
reaction...). As the film is attached to the substrate, the film cannot fully
undergo its desired volume change: the film/substrate system curves and stress
builds up in the film. It is usual to divide the observed stresses into two
categories: intrinsic and extrinsic.
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Figure 1.10: Thought experiment (a) Film and substrate are separated, and thus
in a fully relaxed state. (b) Suppose that the film is stretched so that it matches
the dimension of the substrate. (c) The film is attached to the substrate. (d) The
film wants to achieve the dimensions from (a), but is withheld by the substrate and
experiences a tensile stress. As a result, a bending moment is generated, in fact curving
the sample [25].
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Extrinsic thermal stress
Film and substrate are both characterized by a particular linear thermal
expansion coefficient (LTEC). Upon thermal treatment, film and substrate
necessarily undergo a specific material related expansion. However, as film and
substrate are laterally attached to one another, they are therefore restricted
from fully thermally expanding/contracting. If αf and αs represent the LTEC
of film and substrate, an incremental change in temperature from T0 to T
(=∆T ) would lead to a displacement mismatch ǫth of
ǫth = − (αf − αs) (T − T0) (1.22)
= −∆α ·∆T (1.23)
per unit length of the two components, if film and substrate were unattached
(see figure 1.10). A similar reasoning can evidently be applied upon cooling,
implying a difference in thermal contraction. The bonding enforces that
the atoms are constrained away from their equilibrium position. The film
dimensions are forced to match the substrate dimensions, and a lateral film
stress is generated.
In case of silicide films attached to a Si substrate, the film typically exhibits a
thermal expansion coefficient an order higher than the substrate (respectively
10-20 ppm/◦C for silicides, versus 2.6 ppm/◦C for Si). Note that equation
1.23 assumes an isotropic expansion. The degree of isotropic thermal behavior
relates to the symmetry of the crystal structure of the considered silicide. For
instance, NiSi2 is cubic, resulting in a constant LTEC in each crystallographic
direction. In contrast, the LTEC of the orthorhombic NiSi phase is strongly
anisotropic, in fact showing contraction along the b-axis upon heating (-
43 ppm/◦C), counterbalanced by a high expansion along the a- and c-axis
(respectively 42 and 34 ppm/◦C).
Assuming that thermal straining is small, Hooke’s law can be applied to
calculate the corresponding stress σ. Within the film’s elastic limits, Hooke’s
law claims a linear relationship between stress and strain, with the material’s
Young modulus EY as proportionality factor: EY := σ/ǫ. With a small
modification of EY into the biaxial modulus Ms
3, the temperature evolution
3The modification of the modulus E into Ms [GPa] as
Ms =
E
1− ν
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of the thermal film stress σth can be represented as
σth = − (αf − αs) (T − T0)
(
Ef
1− ν
)
(1.24)
= −∆α ·∆T
Ef
1− ν
(1.25)
The presence of such a biaxial stress in the film causes the substrate to bend
elastically. Two cases can be distinguished: in case that the film’s volume
is too small to fit to the substrate, the stress is tensile, and the overall
sample exhibits a radius (by convention) positive curvature. A film restricted
from expanding experiences a compressive stress leading to a (by convention)
negative curvature (see fig. 1.10).
As a result of the fact that αsilicide > αSi, upon heating (∆T>0), the
thermal stress exhibits a compressive trend; when cooling the sample after
formation of the silicide at a high temperature, the generated thermal stress
exhibits a tensile evolution. In particular, when the silicide film is fully formed
and actually cooled down from a stress-free state at high temperature, once
below a critical temperature (further on referred to as Trelax) a tensile stress
will develop linearly with temperature, leading to a tensile stress at room
temperature. This room temperature stress will be referred to as residual
stress later in this work (T0 taken equal to Trelax in equation 1.25). Figure 1.11
presents a typical experimental stress curve upon thermal cycling. The Y -axis
presents the force per width (F/w), which can alternatively be considered as
the product of film stress and film thickness (σf · t).
Intrinsic stress
Under intrinsic stress, we consider all irreversible stresses that develop during
processing [25]. This includes stress development during deposition, stress
during solid-state formation...
In the specific case here, we focus on growth stress development associated
with a diffusion controlled solid-state reaction. During silicidation, metal and
is related to the biaxial nature of the stress build-up. No stress generation is associated with
the perpendicular dimension in which the film can freely contract/expand. By definition,
the Poisson ratio ν expresses the extent to which an elastic elongation of a material in one
direction induces a contraction in the normal direction.
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Figure 1.11: Experimental stress measurement when thermally cycling (1 ◦C/s) a
preformed 115 nm CoSi2 layer on Si(100). Strains are calculated from Hooke’s law in
order to provide us with a quantitative idea about typical thermal strains involved
(Young’s modulus equal to 160 GPa) (H = heating, C = cooling).
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Si atoms react in order to form a silicide phase. The formation of the new
compound requires a rearrangement of atoms of film and substrate, leading
to the formation of a new compound occupying a particular volume. When
f.i. growing MaSib, according to the reaction a·M + b·Si → MaSib, intuitively,
one would calculate the associated one-dimensional strain out of the global
relative volume change upon reaction [26]:
ǫx = ǫy = ǫz = −
1
3
VMaSib − (a · VM + b · VSi)
a · VM + b · VSi
(1.26)
VMaSib , VSi en VM respectively represent the molecular volumes of the silicide,
Si and metal M. Note that the factor 1/3 implies the assumption that straining
occurs in an isotropic way. As this is in general not the case, equation 1.26
represents the one-dimensional strain as an average over the three dimensions.
According to Hooke’s law, the in-plane stress associated with the strain in
equation 1.26 is given by
σint =
(
−
1
3
VMaSib − (a · VM + b · VSi)
a · VM + b · VSi
)(
Ef
1− ν
)
(1.27)
Stress on atomic scale - Relaxation mechanisms
Generally, in a crystalline solid, atoms are bond to one another. Bounded
atoms are subject to a combination of forces, both attractive and repulsive.
The energy needed to undo this binding, is the binding energy ǫb. The resulting
total interatomic potential is given by the Lennart-Jones potential, illustrated
in figure 1.12. The interatomic distance at the point of minimum potential
energy is the interatomic equilibrium distance a0.
At the atomic scale, an external force Fex acting on the atoms, causes them to
be displaced from their equilibrium position a0. From the atomic potential
represented in figure 1.12, one can clearly see that a forced displacement
corresponds with an increase in energy φ, thus giving rise to a chemical
potential gradient −dφdx [27]. Note that due to the asymmetry of the potential
well, the resistance to compression is intrinsically higher than the resistance
to tension.
When stresses are high and temperature is sufficient, the system will react
to the generated stresses by relaxing. Unfortunately, little is known about
relaxation mechanisms in silicides. Ito et al. described relaxation mechanisms
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Figure 1.12: Lennart-Jones potential. (a) Schematic of the interatomic potential
plotted against interatomic distance. The dotted line shows the anharmonicity of the
atomic vibration. −ǫb is the binding energy. At the equilibrium position, the potential
corresponds to the binding energy −ǫb. (b) The applied force as defined, versus the
atomic displacement (reference [27]).
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in bulk CoSi2 [28]. However, thin films exhibit a particular microstructure,
which probably affects these potential relaxation mechanisms.
As a general rule, one can consider the relaxation mechanisms in polycrys-
talline metal film and reinterprete these for the case of silicides. The relaxation
mechanisms in metals have been studied extensively by Frost and Ashby [29].
In general, the exact relaxation mechanism at work, depends strongly on
• the temperature T (typically expressed relative to the material’s melting
temperature Tmelt as T/Tmelt)
• the applied stress level σ (what is considered as high or low stress for a
specific material, is typically determined by the material’s shear modulus
µsh [GPa] as σ/µsh
4)
• the material’s microstructure
Figure 1.13 presents a deformation map for Ni, divided into fields that indicate
the dominant mechanism under the given T and σ circumstances.
The latter factor makes a direct generalization of the relaxation mechanisms
at play not so obvious, because of the particular microstructure and small
dimensions involved in thin films, which can favor/disfavor certain relaxation
mechanisms compared to their bulk counterpart. Relaxation mechanisms can
be divided into two main categories. Relaxation can either be based on the
movement of dislocations, or the movement or redistribution of matter [30].
Atomic processes These mechanisms are mostly at play for the relaxation
of low stresses, and require high temperatures. A simple relaxation mechanism
is viscous flow or time dependent / anelastic creep. The corresponding
deformation rate ǫ˙ is given by
ǫ˙ =
σ
η
(1.28)
with η the material’s coefficient of viscosity. The viscous flow relaxation
mechanism is obtained only at very low stress levels (σ/µ < 10−4). The stress
is initially fully accommodated in an elastic way, and subsequently relaxed as
4Parameters describing the elastic behavior of a material, can generally be reduced in
terms of ν and EY
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Figure 1.13: Deformation map for Ni [29].
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a function of time. The mechanism’s dependency on temperature is included
in η, which can be written as a typical thermally activated process.
Other relaxation mechanisms involve the transport of material across the full
thickness of the compound layer. The diffusion of atoms can occur along two
different paths. The atoms flow either along a grain boundary, or inside the
grain itself. Both mechanisms can be presented as a general thermally activated
process [27], with the dependency on T and σ given by
A ·
σ
kT
· exp(−
Ed
kT
) (1.29)
Ed represents the activation energy for atomic diffusion, either for grain
boundary diffusion (Nabarro-Herring creep) or lattice diffusion (Coble creep).
The first mechanism typically exhibits a lower activation energy due to the
presence of defects at the grain boundaries, in fact modifying the atomic mass
transport.
Dislocation processes The relaxation of stresses by (already existing)
dislocations implies the movement of these dislocations throughtout the
stressed material. This can be governed either by climb or glide. Glide only
occurs at very high stress levels (σ/µ > 10−2), whereas climb occurs at
intermediate to high stress levels (10−4 < σ/µ < 10−2) and requires a
temperature of at least 0.5 · Tmelt, with the rate of deformation given by
ǫ˙ = Bσn exp(−Ea/kT ) (n between 1 and 8, most common around 5).
Dislocation movement is impeded by obstacles such as other dislocations, so-
lute atoms and grain boundaries. As thin films exhibit a unique microstructure
(implying a high ratio of boundaries compared to the inner lattice volume,
a high concentration of dislocations and defects...), thin films exhibit more
resistance to dislocation motion than their bulk counterpart.
Introduction of dislocations A perfect epitaxial interface occurs when
the lattice parameters of a film and the substrate are identical. The substrate
provides in this case the template for the growth of this epitaxial film; at the
interface the atoms of film and substrate fit perfectly into a 1:1 correspondence,
implying a favorable low-energetic interface.
Generally however, a perfect match between film and substrate parameters
is very uncommon. In case that the difference in lattice parameters is very
small (order of about 1%), two possible situations can be distinghuished.
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For very thin films, the epitaxial film can adapt to the perfect alignment
(i.e. the perfect matching of atoms at the interface) as described above. This
implies that the atoms of the film are forced into a 1:1 correspondence provided
by the substrate. The film’s atoms are thus displaced from their equilibrium
position. The atomic displacement of the film’s atoms implies an increase in
strain energy. Yet, as long as the strain energy remains sufficiently low, all
mismatch strain can be accommodated and the epitaxial film is said to be in a
strained/stressed state. Above a critical thickness, a different situation arises.
Maintaining the mismatch across the thickness implies a high strain energy
built into the film. It is then energetically more favorable for the system to
relax the strain by introduction of dislocations.
1.5.1 Silicidation stress development: Zhang&d’Heurle model
In general, during the ramp anneal for forming a silicide film, several stress
related processes occur simultaneously:
• the development of growth stress related to the phase formation
• the development of thermal stress in both the parent phase which is
being consumed, as well as in the growing daughter phase
• thermally activated relaxation of the generated stresses
All these simultaneous features in fact turn an exact analysis of stress evolution
during silicidation into a complex puzzle.
In 1992, S.-L. Zhang & F.M. d’Heurle developed a basic simplified theoretical
model that tries to understand the film forces developing during diffusion
controlled silicidation [31]. In a way to distinguish between the simultaneously
appearing features mentioned above, the model deals with stress development
upon isothermal annealing. Hence, the contribution of the thermal stress can
be regarded as constant; the stress associated with compound growth is then
a compromise between either the growth stress (+ constant thermal stress)
and stress relaxation.
The key idea of the model lies in the fact that compound growth is supposed
to be governed by the Dominant Diffusing Species (DDS) (either metal or Si),
while relaxation requires mobility of both the fast and slow-moving species
(metal and Si) and therefore necessarily requires higher temperatures. Both
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growth and relaxation can then be considered as a thermally activated process.
For a mathematical revision of the model, we refer to appendix A.
Intuitively, one would calculate the in-plane solid-state reaction induced strain
ǫ out of the global theoretically expected volume changes (equation 1.26). As
the Si lattice exhibits a low atomic density compared to a typical silicide, one
then expects a volume densification, i.e. the generation of a high tensile film
stress (see table 1.3). Experimentally however, it has clearly been found that
diffusion controlled silicide growth typically generates high compressive film
stresses [32].
The intuitive explanation as described in equation 1.27 is not able to explain
the sign of the developing compressive stress. Zhang&d’Heurle therefore
proposed the following model to explain the compressive stress trend during
silicide formation. A particular silicide starts growing at the metal/Si interface.
After an infinitesimal layer of the film has grown, no direct contact between
metal and Si exists anymore. To continue phase formation, either metal or Si
atoms should diffuse through the newly formed layer to the reaction interface
(either silicide/Si or metal/Si). The model states that the removal of one full
layer of the DDS does not build up any stress. The volume of the newly
formed phase is then to be compared with the local volume of the unreacted
immobile species at the reaction interface (see fig. 1.14). In terms of equation
1.27, the volume of the (mobile) dominant diffusing species (DDS) is then to
be neglected in the calculation. When doing so, the corresponding film stresses
are indeed calculated to be compressive for most silicidation reactions:
Table 1.3: Nickel silicides observed in the Ni/Si system upon annealing, and
the induced strain upon reaction, according to the simplified Ni-silicide sequence
mentioned in line 1.18
Compound DDS ∆V/V ∆V/V
(Zhang&d’Heurle) (global)
(eq. 1.33) (eq. 1.26)
δ-Ni2Si Ni 0.65 -0.22
NiSi Ni -0.25 -0.20
NiSi2 Ni -0.19
Ni -0.002
38 CONTENTS
Figure 1.14: Illustration of the development of the intrinsic compressive stress during
silicide formation, depending on the DDS (taken from reference by d’Heurle)
ǫx = ǫy = ǫz = −
1
3
VMaSib − a · VM
a · VM
(with Si = DDS) (1.30)
ǫx = ǫy = ǫz = −
1
3
VMaSib − b · VSi
b · VSi
(with M = DDS) (1.31)
The respective formulas for film stress in lateral dimensions can then be
represented as
σint = −
1
3
(
E
1− ν
)
·
VMaSib − a · VM
a · VM
(with Si = DDS) (1.32)
σint = −
1
3
(
E
1− ν
)
·
VMaSib − b · VSi
b · VSi
(with M = DDS) (1.33)
Table 1.3 shows the theoretical volume changes associated with nickel
silicidation, for which the calculations are based on equations 1.32 and 1.33. It
can indeed be seen that, locally at the reaction interface, compound formation
is associated with a volume increase.
It should be noted that the model by Zhang & d’Heurle does actually not
propose to calculate the strain by means of equations 1.30 and 1.31 (nor
equations 1.32 and 1.33). The authors only proposed to use the sign of the
calculated value as an indication of the expected stress trend. Other authors
[33, 34, 35, 36] tried to interprete the model in a more quantitative way, leading
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to calculated strains of about 50-60%, which is far beyond the typical elastic
limit and therefore truely unrealistic.
The model developed by Zhang & d’Heurle is a strongly simplified model.
In a later publication [32], d’Heurle and Thomas revised the model. The
model considers a single simple relaxation mechanism and supposes an ideal
uniform lateral film, whereas the real situation is probably much more
complex. Furthermore, it does not take into account the thermal stress that
is certainly involved as well during annealing. Nevertheless, the model is able
to give a satisfying answer to the qualitative question of the development of
‘unexpected’ compressive stresses upon silicidation [33, 34, 35, 36].
1.5.2 Relevance of film stress development
Stresses and compound formation - Effect on phase transition
There has been some debate on the impact of intrinsic stress upon solid-state
reactions. In literature, numerous papers are found that consider transient
stress development as a direct consequence of the solid-state reaction. The
famous paper by Zhang & d’Heurle [31] is an excellent example thereof, as
well as the large number of papers that applied the model to explain the
growth stress upon silicidation of f.i. Ni/Si [33, 34, 35, 37], Pd/Si [38, 39],
Pt/Si, Ti/Si [32], Co/Si[36] ...
Some papers however consider the developing intrinsic stresses as a feature
that in turn can affect further solid-state reaction [40, 41]. d’Heurle suggested
that stresses can influence the rates of atomic diffusion, but claimed that the
potential difference is likely insignificant as it remains hidden within typical
experimental errors [32]. In 10 investigated systems, no experimental evidence
was found that indicated an effect of stresses on the nucleation of a phase.
Recent work by Mangelinck et al. suggested that transient δ-Ni2Si stress
development could retard NiSi reactive diffusion [40].
Strains and stresses can intuitively also be expected to modulate the formation
of a phase when the heat of formation ∆G or ∆H of a phase transition is very
small, such as for nucleation controlled reactions. In this case, the denominator
in equation 1.11 should actually be written as
∆H +∆Helastic − T∆S (1.34)
with ∆Helastic representing the elastic strain energy.
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In the scope of this work, quantitatively theoretically estimating the extent
to which the strain energy associated with a compound can influence further
compound formation, is an important issue. In case of elastic straining, Tu et
al. compared the magnitude of the energy involved with elastic film straining,
to the typical silicide formation energy [27]. For a fully strained epitaxial film
(i.e. not strain-relaxed) with Young’s modulus EY , the total elastic strain
energy (expressed per atom) is given by 1/2·ǫ2EY . Strain energy represents
the increase in energy (expressed per atom) due to a forced 1:1 bonding at the
interface, thus implying the accommodation of a small lattice mismatch. In
case of a stiff material with a Young’s modulus of for example 200 GPa, at the
typical elastic strain limit of ǫ = 0.2%, one calculates the strain energy equal
to 4·105 Pa. When calculating for an average atomic density, this corresponds
to an energy of about 3·10−5 eV/atom, which is several orders of magnitude
smaller than the typical silicidation chemical energy of about 0.5 eV/atom.
In general, it is unlikely that thermodynamics are strongly affected by strain
energy.
When considering thermal mismatch strain, the same authors concluded that
in case of f.i. an Al film, characterized by an elasticity modulus of 60 GPa
and a density of 0.602·1023 atoms/m3, at an average strain of 0.2 %, the
chemical potential increase could be calculated as 0.0125 eV/atom, once again
insignificant when compared to the silicidation chemical energy.
Film stress - Technological relevance
Initially, it was found that the development of high compressive stresses
during the silicidation process up to MoSi2 formation lead to the generation
of dislocations in the Si substrate. Recently, the stress development associated
with the silicidation reaction for FUSI (Fully-Silicided) gates has gained a lot
of interest [42, 43] as well.
Generally, a silicide film formed at high temperature and cooled down to room
temperature exhibits a certain tensile stress, related to the difference in LTEC
between silicide and substrate. Steegen et al. [26] found that excessive residual
stresses in thin CoSi2 layers could lead to the generation of dislocations in the
Si substrate. To a lesser extent, however, these residual stresses can also be
applied to the benefit of the system. A strained channel can strongly affect the
mobility of the charge carriers. In particular, thermal stress/strain can thus be
introduced in a transistor device in a voluntary way. A full understanding (and
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eventually in further stages a control) of the development of thermal stresses
is thus required.
1.6 Ni-Si stress evolution
1.6.1 Growth stress development
Transient growth stresses directly relate to the phases that form during
silicidation. Hence, it is no wonder that the reported explanations on the
stress evolution associated with Ni-silicidation have evolved over time; the
‘poor’ knowledge on the Ni-rich phase formation was the key factor limiting
the interpretation of the observed stresses. As with time proceeding, the Ni-
rich phase sequence became more clear, and the interpretation of the Ni-Si
silicidation growth stresses was systematically adapted.
Early stress studies were initially performed by Liew et al. [37, 44], assuming
the simple sequential growth stress evolution presented in line 1.18. Their data
are presented in figure 1.15. The compressive stress peak was attributed to the
formation of δ-Ni2Si at the Ni/Si interface. Theoretical calculcations by means
of the model by Zhang & d’Heurle predicted a relative volume increase of 62%,
which can explain the compressive stress trend.
Figure 1.16 presents the comparison between stress development and phase
formation upon annealing of 50 nm Ni on 250 µm Si(100), revealing a much
more complex phase formation in the temperature window of the compressive
stress peak. In the in situ XRD measurement, the Ni-rich phase peak at
about 55 ◦ was believed to reveal the presence of orthorhombic Ni3Si2. New
theoretical stress calculations were performed by Rivero et al. [33], taking into
account the Ni3Si2 phase as an extra growing phase in a planar way (additional
to δ-Ni2Si). Strong efforts were made to calculate the partial contribution
of multiple reaction interfaces to the overall observed Ni-silicidation growth
stress, and the main compressive peak was attributed to the simultaneous
growth of δ-Ni2Si and Ni3Si2.
Despite these efforts, a lot of questions with respect to the Ni-Si silicidation
reaction, and therefore with respect to the stress evolution as well, still remain
unanswered.
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Figure 1.15: Film stress development during phase formation of 30 nm Ni/Si(100),
and thermally re-cycling of the preformed NiSi/Si(100) sample [37].
Figure 1.16: Comparison between Ni-silicide phase evolution and stress evolution (50
nm Ni/Si(100) heated at 3 ◦C/s). The developing stresses at about 230 ◦ are mainly
compressive and new features seem to be associated with the start of Ni-rich phase
formation. Exact force development analysis is limited by the poor understanding
of the Ni-rich phase formation (Measurement performed at Ghent lab, with stress
interpretation based on reference [33])
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Chapter 2
Experimental method
2.1 In situ characterization methods
Introduction: the advantage of in situ measuring
In the early days, when studying the evolution of the solid-state reactions
in thin films, researchers were restricted to the use of so-called cook-and-look
methods. Typically, a discrete number of identical samples was exposed to
specific heat treatments, cooled down and investigated at room temperature,
where the characteristic of interest could be investigated. It is obvious that
this method is generally labor intensive. A systematic analysis requires a high
number of samples and a lot of time. Even if the number of investigated
samples is high, the sample series is still discrete, and there is a realistic
possibility to miss events occurring in between two discrete sampling points
during the reaction.
In situ time-resolved measurements provide a solution to the problems
mentioned above. The investigation of a single sample provides continuous
detailed information during thermal processing at the very moment of the
reaction, thus reducing the chance to miss transient phenomena. When more
detailed information is required on such transient phenomenon, one still
has the possibility to target a specific temperature based on the in situ
measurement, and investigate the sample in detail with the traditional ex
situ techniques.
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Figure 2.1: Picture of the home-built in situ tool, for measuring in situ stress (red
lines), in situ Laser Light Scattering (green line) and in situ sheet resistance, upon
annealing of a sample inside the heating chamber [45].
2.1.1 The in situ set-up at Ghent University
A home-built in situ tool at Ghent University lab allows to monitor three
film characteristics during annealing: the sheet resistance Rsh, film stress and
film roughness can be followed during heat treatment. Figure 2.1 presents
a picture of this tool, indicating the way the available in situ measurement
techniques are installed on the system. Inside a vacuum chamber a heating
stack is installed, onto which a sample can be placed for heat treatment. Prior
to annealing, the chamber is pumped down to a pressure of 10−2 mbar. The
chamber is purged several times with He. During the actual measurement, a He
gas flow of about 2 l/minute is present in the chamber. The gas ensures a good
thermal contact between the sample and the heating plate. Measurements can
be performed at high ramp rates, typically between 0.03 ◦C/s up to 27 ◦C/s,
with 3 ◦C/s chosen as standard ramp rate throughout this work. Measurement
temperatures typically range between room temperature and 950 ◦C. Beside
these so-called isochronal treatments (i.e. increasing the temperature at a fixed
ramp rate R), isothermal treatments can be performed as well. Furthermore,
the system allows to either quench the sample at the fastest rate possible
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(naturally, aided by a closed water flow system inside the chamber), but also
to cool down at a controlled rate as well. The latter option has proven to be
extremely useful in case of residual film stress investigation (see section 2.1.2).
For technical information regarding the system, we refer to reference [45].
2.1.2 Film stress measurements: multi-beam optical method
Stoney equation - Relating film stress to sample curvature
In a typical film/substrate system, the presence of film stress implies a
curvature of the substrate. When mechanically allowed to bend freely in
response to the present film forces, the sample curvature provides a direct
quantitative measure for the film stress. The relation between the curvature κ
(or radius of curvature R) and the stress (or force) in the film is provided by
the Stoney equation:
κ− κ0 =
1
R
=
6σdf
Msd2s
(2.1)
where κ0 is the initial curvature of the substrate when the film is in fully
relaxed state, Ms the biaxial modulus of the film, and ν the Poisson ratio; ds
and df respectively represent substrate and film thickness.
The Stoney equation can be calculated from the balance between either forces
and moments in the film-substrate system [46]. Figure 2.2-(a) presents a typical
film-substrate system, with film and substrate in unstressed state. Due to
differences in thermal expansion, compound formation... forces are generated
in the film-substrate system. In fig. 2.2-(b) the total impact of all forces in
the system is represented as a combination of a force and a moment (
→
F f and
→
Mf for film,
→
F s and
→
Ms for substrate). The forces are supposed to uniformly
impact the film and substrate cross-section, with respective surface areas df ·w
and ds · w. The moments
→
M describe the curvature of the substrate.
The curved sample is in mechanical equilibrium, implying that the net force
and net moment on the film/substrate cross-section as shown in figure 2.2 are
equal to zero:
F =
∫
σ dA = 0 (2.2)
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Figure 2.2: Derivation of the Stoney equation (a) A typical film-substrate system
without film stress and therefore flat (b) Diagram of film/substrate in which forces
appear represented as a combination of forces and moments (c) Elastic sample
deformation by the applied forces (explanation and figure from reference [46])
M =
∫
σy dA = 0 (2.3)
From equation 2.2, this implies that Ff = Fs. Equation 2.3 implies that Mf
and Ms exhibit the same magnitude clockwise and counterclockwise:
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Mf +Ms =
df
2
Ff +
ds
2
Fs
=
(
df + ds
2
)
Ff (2.4)
Figure 2.2-c shows a deformed sample with width w, bended by a momentM.
Within a sample, a longitudinal axis exists, the length of which is invariable
upon curving, the so-called neutral axis. Other longitudinal axes undergo
an expansion or contraction, with the deviation of the unstrained length
proportional to the distance to the neutral axis. Suppose that the stress varies
respectively from a maximum tensile stress +σm to a maximum compressive
stress −σm. The stress signs are determined by convention.
In case of small strains, Hooke’s law of elasticity is applicable, stating that
the strain ǫ of an elastic material is linearly proportional to the applied stress.
The radii of curvature for respectively maximum expansion and maximum
compression would then be equal to (R + d/2) and (R − d/2) (figure 2.2-c).
Applying Hooke’s law in those two extreme cases leads to a stress value:
σm = E ǫ
= E
[
(R± d/2) θ −Rθ
Rθ
]
= ±
Ed
2R
(2.5)
Explicitly expressing the y-dependency (as given in figure 2.2-c) of the neutral
axis to the maximally strained axis leads to an expression of the stress σ
throughout the film thickness:
σ = σm
(
y
d/2
)
(2.6)
with y varying from 0 to d/2. With an analogous equation for compressive
stress, the moment M can then be expressed as
M =
∫
σy dA
= 2
∫ d/2
0
σm
(
y
d/2
)
y wdy
=
σmd
2w
6
=
Ed3w
12R
(2.7)
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As the induced film stresses are supposed to be biaxial, the material’s Young’s
moduli are to be corrected into biaxial moduli. Moments in film and substrate
are then given by
Mf =
Ef
1− νf
d3fw
12R
and Ms =
Es
1− νs
d3sw
12R
(2.8)
Combining equations 2.8 and 2.4 leads to
(
df + ds
2
)
Ff =
w
12R
[(
Ef
(1− νf )d
3
f
)
+
(
Es
(1− νs)d3s
)]
(2.9)
As we deal with thin films, df << ds, which finally leads to the Stoney
equation:
σf =
Ff
dfw
=
1
6R
Esd
2
s
(1− νs) df
(2.10)
The use of the Stoney equation necessarily implies assumptions regarding the
film/substrate system:
1. The film thickness df should be small with respect to the substrate
thickness ds, which implies that the stress generated in the substrate is
small when compared to the stress generated in the film.
2. The Stoney equation is derived for a circular-shaped sample. The
generation of a biaxial film stress implies that the overall sample curves
in a homogeneous spherical way i.e. the radius of curvature R exhibits a
constant value all over the sample.
During compound formation, both film stress σf and film thickness df vary.
Both features contribute directly to the overall observed stress development,
and the stress (or force) development should then be rewritten as
σfdf =
Ff
w
=
1
6R
Esd
2
s
(1− νs)
(2.11)
This product is typically expressed as force over the sample width F/w (see
figure), expressed in units of Newton over meter (N/m). Alternatively, this
stress×film thickness product is expressed in Gigapascal-Angstro¨m (GPa-A˚)
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(with N/m = 10 GPa - A˚). In order to provide the reader with a quantitative
idea of the typically induced film stress, a Force/Width value of 10 N/m
corresponds to a pressure of 100 MPa in a 100 nm film, or to 1000 MPa
in a 10 nm film.
Method
The home-built stress setup that aims at following film stress evolution upon
annealing, uses an optical technique to record the sample’s radius of curvature
R upon reaction. This optical beam technique was worked out by E. Chason
and J. Floro of Sandia National Lab [47].
Multiple parallel beams are sent simultaneously under an incident angle α onto
the sample surface, where both beams are reflected. In case of a flat sample,
the angle under which the beams are reflected is equal to the incident beam
angle α. In case that the sample surface exhibits curvature to some extent,
both beams reflect under a specific particular angle, different from the incident
angle α. Hence, the reflected beams are no longer parallel; depending on the
sample’s radius of curvature (either positive or negative), the beams either
converge or diverge.
At a certain fixed position L, the reflected beams are intercepted with a high
resolution camera, whih allows to measure the distance d between the beams
at this point. This observed spot distance d allows for a direct measure of the
curvature κ of the sample through the relationship
κ− κ0 =
1
R
=
(
d− d0
d0
)
cosα
2L
=
(
δd
d0
)
cosα
2L
(2.12)
where (d-d0) or δd is the difference between either d and the initial beam
distance d0 (corresponding to the initial curvature κ0).
At very short time intervals (order 0.1s), the system registers the differential
spot spacing (di-d0)/d0. At every time ti, the curvature κi is systematically
determined relative to the chosen reference curvature κ0 (or alternatively,
relative to the reference beam distance d0). Generally, one measures d0 from
the spot spacing corresponding to a flat surface (f.i. reflection on a flat
mirror). Film and substrate thickness are represented by hf and hs. Figure
2.3 visualizes the used symbols 1.
1Specific system constants: cosα = 0.997, L = 2.12 m
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Figure 2.3: Sketch of the optical multiple beam method for in situ film stress
measurements. Symbols are explained throughout the text. α is the constant
angle between the incident laser beams and the sample’s normal direction
[47, 48].
Now, combining equation 2.12 with the Stoney equation (equation 2.1) allows
for a direct determination of the film stress, via the measured spot spacing d,
through:
(σhf ) =
(
di − d0
d0
)
Msh
2
s cosα
12L
=
(
δd
d0
)
Msh
2
s cosα
12L
(2.13)
Heating induced curvature
Inside the chamber, a flat heating plate is installed, onto which the investigated
sample simply rests. The free positioning allows the sample to bend freely upon
solid-state reaction, a key issue for film stress determination. Such one-sided
heat treatment is known to induce an additional sample curvature, that is not
related to film stress [47]. A temperature gradient can be induced from the
back side to the front side of the sample, implying differences in lateral thermal
expansion throughout the sample thickness. The apparent stress associated
with this one-sided heating is theoretically given by:
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(σdf ) =
Msh
2
sαeσsbT
4
6K
(2.14)
with e emissivity, σsb the Stefan-Boltzmann constant, T the temperature
at the heated side, ds the substrate thickness, α the LTEC and K thermal
conductivity.
Figure 2.4 presents a theoretical calculation 2 of the thermal gradient induced
curvature.
The effective significance of this thermally-induced curvature was investigated
by recording the differential spot spacing δd/d upon heating of blank
Si(100) substrates in similar circumstances (rate, gas...) as actual film
stress measurements. Figure 2.5 shows the apparent Force/width evolution,
associated with the recorded relative spot spacing δd/d. The effect of thermal
gradient is most notable at high T and for thicker substrates. The use of thin
250 µm wafers (as done in this work) helps to minimize the thermal gradient
induced sample curvature. Furthermore, we noticed experimentally that the
Si substrate suffers less from thermal gradient curvature when the substrate
is actually covered with a film.
Signal stability
The laser beams continuously undergo vibrations due to thermal fluctuation
of the gas inside the chamber, sample vibration... thus causing a certain noise
on the measurement. The vibrations imply small deviations of the initial
reference spot spacing d0. A key advantage of the multiple beam method
concerns the fact that the measured spot spacing is less sensitive to random
spot position fluctuations than a single random spot position. Figure 2.6
compares the individual spot positions, and the spot spacing. Spot positions
were recorded at room temperature after a measurement performed at very
high temperature, causing the glass lid on top of the heating chamber to reach
a certain temperature.
When a film stress is generated and the sample exhibits a corresponding
curvature, the intercepted spots either converge or diverge. In the case that
this film stress induced curvature change is small, the corresponding change
in spot spacing might be situated within this noise. A minimum limit exists
on the measurable curvature κ (or alternatively: a maximum on R). In terms
2The used Si constants are: α = 2.6 · 10−6 ◦C−1, K = 150 W / mK, e = 0.7 and σsb =
5.67 ·10−8 W / (m2K4)
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Figure 2.4: Theoretical plot of the
apparent Force/width evolution associ-
ated with thermally induced substrate
curvature [47]
Figure 2.5: Experimental plot of the
apparent Force/width associated with
thermally induced subtrate curvature
Figure 2.6: Measurement of the absolute spot positions (left) and the relative spot
spacing (right) during 800 s. The standard deviation on the relative spot distance is
0.5873, and smaller than the standard deviation on the single spot position (1.0747
for the left spot, 1.0142 for the right spot).
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of film stress (eq. 2.1), this implies a minimum resolvable measurable stress.
From a measurement of δd during 1000 s at room temperature, the standard
deviation could be calculated (0.0512 %), which can be used as the deviation
on the differential spotspacing (δd/d0). With the specific settings of the tool
3
, this implies a maximum curvature radius Rmax of about 8 km.
Reproducability
Figure 2.7 presents a comparison between either stress measurements per-
formed at the lab (left), and taken from literature (right). Overall, there is
good agreement between both measurements. Differences in either value and
temperature at which the stresses appear, are related to the different heating
rate (3 ◦C/s in our tool, versus 5 ◦C/s for the measurement from literature
[49].)
When comparing the stress evolution from reference 2.7 with our experimen-
tally derived stress evolution, we notice a good agreement, both qualitatively
and quantitatively.
Influence of cooling rate
As seen in figure 2.8, the cooling rate has a direct influence on the thermal
stress build-up upon cooling. In cycle 1, after completed phase formation,
upon fast cooling (10 ◦C/s) from the relaxed state, film stress starts building
up linearly once below a certain temperature, hence resulting in a particular
residual stress at room temperature.
When slowly reheating the sample (cycle 2), the stress evolution deviates
from the (expected) linear behavior from cycle 1. Initially, the stress tends
toward lower tensile stress values. Upon controlled cooling, stress starts
linearly building up, at a temperature lower than observed in cycle 1, following
parallel to the first cooling curve (at lower stresses), leading to a lower room
temperature stress than achieved after the first cycle.
A 3rd heating cycle (cooling and heating at 1 ◦C/s) produces a reversible
thermal cycle, in which both heating and cooling curves match, except for a
small hysteresis loop at high temperature.
The principle of the two sequential cycles 2+3 can be repeated several times
and is fully reproducible. Furthermore it is also observed for other silicides
3cosα = 0.997; Ms,Si = 180 GPa; L = 2.12 m
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Figure 2.7: (left) In situ stress measurement for a 30 nm and 100 nm Ni layer on a
250 µm Si(100) substrate, at 3 ◦C/s, performed at Ghent University (right) In situ
stress measurement for a 30 nm and 100 nm Ni layer on a 120-250 micron Si(100)
substrate, at 5 ◦C/minute [49].
Figure 2.8: Stress development during three sequential annealing cycles performed
on 50 nm Co/250 µm Si: (1) heating at 3 ◦C/s, cooling at 10 ◦C/s (2) heating and
cooling at 1 ◦C/s (3) heating and cooling at 1 ◦C/s
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Figure 2.9: Stress development during
three sequential annealing cycles per-
formed on 50 nm Ni/250 µ mSi: (1)
heating at 3 ◦C/s, cooling at 10 ◦C/s (2)
heating and cooling at 1 ◦C/s (3) heating
and cooling at 1 ◦C/s
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Figure 2.10: Stress development during
three sequential annealing cycles per-
formed on 30 nm Ta/250 µm Si: (1)
heating at 3 ◦C/s, cooling at 10 ◦C/s (2)
heating and cooling at 1 ◦C/s (3) heating
and cooling at 1 ◦C/s
(figs. 2.9 and 2.10). Hence, the residual room temperature film stress correlates
to the cooling rate. As for the stress in the CoSi2 film, this artificially induced
residual stress increase ranges up to about 10 % of the value of the slowly built-
up stress. Yet the feature is reversible and can be considered as extrinsic.
For all silicides in this work, it was experimentally found that cooling at 1
◦C/s be the critical (maximum) rate that allows for a thermal cycle in which
the typical thermoelastic straight line upon heating and cooling cover (or
alternatively, in which the residual stress achieves a room temperature value
that can no longer be decreased by decreasing the cooling rate). In this work,
in situ stress measurements aimed at characterizing residual film stress, are
therefore systematically performed at 1 ◦C/s.
2.1.3 In situ sheet resistance measurement
In the heating chamber, a four point-probe is available, allowing to measure
sheet resistance Rsh upon heating induced reaction of a film on a substrate.
The measurements provide a powerful tool to obtain information regarding the
kinetics related to the compound formation. The obtained in situ Rsh data are
either normalized arbitrarily, or normalized to the room temperature value of
Rsh, measured with an ex situ four-point probe tool, for which Rsh is given
by
Rsh =
π
ln(2)
V
I
=
ρ
df
(2.15)
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with ρ film resistivity, d film thickness, I the applied current and V the
measured voltage.
For sheet resistance measurements, metal films on SOI samples are used,
existing of a 100 nm Si layer on a 150 nm oxide layer that on a typical Si wafer.
The use of SOI allows to measure the film’s Rsh at elevated temperatures,
without the additional influence of the resistance of the semi-conducting Si
substrate at high temperature.
2.1.4 Laser Light Scattering - Roughness measurement
Figure 2.11: Schematic representation of the Laser Light Scattering principle for
sample roughness determination [50]. A sample is positioned in the xy-plane. A
laser beam (in a plane perpendicular to the sample) is incident at angle θ0 (i.e. the
perpendicular plane corresponds to θs = 0
◦). The detectors are positioned in this
plane.
In situ Laser Light Scattering (LLS) measurements provide information on the
surface roughness of a sample. The principle is shown in figure 2.11. When laser
light is incident on a flat surface (angle θ0), most of the light will be reflected
in the specular direction. However, in case that the sample surface exhibits
some roughness, laser light will be scattered in non-specular directions. Hence,
the observation of scattered light in these non-specular directions can be seen
as an indication of surface roughness. A lateral length scale can be related to
a spatial frequency, which in turn can be related to a scattering angle.
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2.1.5 Phase identification: X-Ray Diffraction (XRD)
The in situ XRDmeasurements in this work were performed at the X20C beam
line at the National Synchrotron Light Source (NSLS) at Brookhaven National
Lab (BNL), Brookhaven, New York. A research group in IBM developed a
system that allows for simultaneous recording roughness, sheet resistance and
X-ray diffraction data (figure 2.12). The energy of the X-rays was selected
between 6.9 keV and 7 keV (λ=0.177-0.180 nm). The relatively poor resolution
was chosen to enable a high photon flux, allowing fast time resolved studies.
The diffracted intensity is collected with a linear detector, covering a 14 ◦
window in 2θ diffraction angle. The maximum frame rate of the detector is
as fast as 17 ms. Samples are heated in a He atmosphere. The system allows
heating rates up to 35 ◦C/s. In this work, samples are typically heated at 3
◦C/s from 100 ◦C to 950 ◦C, unless specified otherwise.
2.2 Ex situ characterization methods
2.2.1 X-Ray Diffraction (XRD)
Ex situ XRD measurements for room temperature phase characterization were
performed at the lab using a Bruker D8 Discover, equipped with a CuKα X-ray
source (λ=1.54056 A˚), and a Vantec linear detector.
In order to allow fast comparison between ex situ and in situ X-ray
diffraction studies (performed with radiation with different wavelengths λ),
table 6.4 (appendix) presents a table that allows to compare corresponding 2θ
diffraction angles for both wavelengths.
2.2.2 Pole figures
Pole figures were measured to obtain statistical information about the
distribution of grain orientations present in the specimen. The measurements
were performed at the X20A beam line at the NSLS at BNL. A Ge(111)
monochromator was used to select the energy of the photon beam (λ = 1.54
A˚). The sample was mounted on a four-circle diffractometer, and a scintillation
counter was used to detect the diffracted intensity. The pole figures were
acquired in steps of 0.5 ◦ in φ and χ (0 ≤ χ ≤ 85◦ and 0 ≤ φ ≤ 90◦).
The complete pole figures as shown in this work were obtained by extending
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Figure 2.12: Schematic setup of the chamber and in situ techniques at the X20C
hutch at the National Synchrotron Light Source, Brookhaven National Lab, NY, USA.
the measured data to the full range 0 ≤ φ ≤ 360◦, taking into account the
symmetry of the Si substrate. φ and χ alignment was achieved by using Si
substrate peaks, with Si(001) at χ = 0◦ and Si(100) at (χ = 90◦, φ = 45◦). K.
De Keyser (UGent) is acknowledged for pole figure measurements and analysis
at the NSLS, BNL, New York.
2.2.3 Electron BackScatter Diffraction (EBSD)
Electron Back Scatter Diffraction (EBSD) measurements were performed on
an FEI Quanta 200F system using an HKL Channel 5 system to obtain
information on phase identification and grain size. We acknowledge K. De
Keyser (Ghent University) for performing the EBSD measurements and the
analysis.
2.2.4 Rutherford Back Scattering (RBS)
Rutherford Back Scattering (RBS) measurements were performed for investi-
gation of the composition and thickness of the as deposited films. The RBS
measurements in chapters 4+5 and 6 were performed at respectively IBM,
New York, USA and KULeuven, Belgium. Dr. A. Kellock (IBM) and Q. Zhao
(KULeuven) are acknowledged for the RBS measurements.
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Chapter 3
Effect of Pt on stress
development in the Ni/Si
system
3.1 Introduction
In chapter 1 we discussed agglomeration and the nucleation of NiSi2 as the
main degradation mechanisms of low-resistivity NiSi films with a thickness
relevant for technological applications.
Many efforts have been done to improve the NiSi degradation mechanisms
by the addition of alloying elements. The effect of alloying Ni layers with Pt
was extensively studied by Mangelinck et al. [53, 54, 55, 56, 57, 58, 59, 60].
The reason of this NiSi layer improved stabilization was found in the degree
of solubility of Pt in either the existing and the nucleating phase. PtSi and
NiSi share the same orthorhombic MnP structure with only a small difference
in lattice parameters and small amounts of Pt are therefore soluble in NiSi.
Reacting a Ni(Pt) mix on Si then allows for the formation of a ternary stable
(low-resistivity) Ni1−xPtxSi phase [61, 62]. However, Pt is not soluble in the
NiSi2 phase. Hence, upon NiSi2 nucleation, Pt needs to be expelled from the
NiSi2 nucleation region. Higher temperatures are therefore required for NiSi2
nucleation. In terms of the classical nucleation theory, when Pt is present in
the NiSi film, going from the monosilicide to the disilicide then corresponds to
a decrease in the entropy of mixing and affects the change in free energy ∆G
(i.e. ∆G becomes less negative), thus increasing the NiSi2 nucleation barrier
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(formula 1.11). A similar behavior has been reported for the addition of Pd.
In this chapter we perform an in situ study on the effect of the addition of
Pt and Pd on the growth stress and thermal stress of NiSi films. Platinum
(or Palladium) is added in the form of an interlayer (Ni/Pt/Si), capping layer
(Pt/Ni/Si) and as an alloying element within the as deposited Ni film (Ni-
Pt/Si). In situ XRD was performed for phase identification, and in situ stress
measurements were performed during heating and subsequent cooling of the
sample, to study the intrinsic growth and external thermal stress.
3.2 Experiments
Thin metal films of different thickness of Pt and Ni were sputtered in an Ar
plasma onto 250 µm thick p-type Si(100) substrates with a diameter of 2 inch.
Before loading, the samples were immersed into a HF solution. The Pt and Ni
films were sputtered sequentially to form a bilayered Pt/Ni/Si capping layer
system and a Ni/Pt/Si interlayer system. Pt and Ni were also co-sputtered
to form a Ni(Pt) alloy layer. Six different samples were investigated : 50 nm
pure Ni (henceforth referred to as REF), 3 nm Pt /47 nm Ni (labeled CL),
47nm Ni/3 nm Pt (labeled IL) and a Ni-Pt alloy with 4 at.% Pt (labeled AL).
Table 3.1 gives an overview of the considered samples. Note that the ratio of
Pt to Ni atoms in these three Pt-containing samples is identical, only the as
deposited composition profile of the Pt is different. Two additional samples
were fabricated to study the effect of the Pt concentration in the alloy film.
These additional Ni-Pt alloys had a Pt concentration of about 7 and 10 at.%.
A 2nm Si film was sputtered on top of all samples to prevent oxidation prior
to and during annealing.
All in situ curvature measurements were performed in our home built system,
based on the optical multiple beam method. Phase formation was studied
by in situ and ex situ XRD. The standard θ-2θ ex situ measurements were
performed using CuKα radiation (λ = 0.154 nm).
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Table 3.1: Overview of 6 sputtered metal films on 250 µm Si. 2 nm of Si was deposited
on top of all samples. The mentioned thicknesses of the separate components of the
alloys are the thicknesses in case of a bilayered deposition.
Ni Pt/Ni Ni(Pt) Ni/Pt Corresponding at.%Pt
in metal film
50nm 3nm/47nm 47nm(3nm) 47nm/3nm 4
45nm(5nm) 7
43nm(7nm) 10
Figure 3.1: Force evolution and XRD phase sequence recorded during annealing (at
3 ◦C/s) of 50 nm Ni deposited on 250 µm Si. The marks on the force curve indicate
the targeted quench temperatures used for ex situ XRD analysis.
3.3 Results: addition of Pt
3.3.1 In situ measurements: phase sequence and growth stress
Pure Ni film
Figure 3.1 shows the typical force/width evolution of a 50 nm Ni film combined
with the in situ phase formation. The relationship between phase formation
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Figure 3.2: Ex situ XRD results for the as deposited 50 nm Ni/Si samples after being
annealed to 280, 320, 350, 400 and 700 ◦C at 3 ◦C/s
and force evolution has been studied before [33, 34, 37, 49, 63]. The analysis
of the stress development is known to be complex due to the coexistence of
multiple Ni-rich phases at low temperature, showing XRD peaks at similar
angles (see chapter 1). In particular, one transient phase in the Ni-rich region
can not be clearly identified. We indicated this phase by X in our measurement.
The stress evolution as shown in figure 3.1 was described in different stages:
1. From A to B: starting from a tensile value at room temperature,
the stress initially decreases slightly because of the thermal expansion
mismatch between Ni and Si. Above 130 ◦C, a tensile stress is developed
due to grain growth in the Ni film.
2. From B to C, the compressive evolution corresponds to the formation of
Ni-rich silicide phases. The sharp slope has been reported as being the
result of the formation of δ-Ni2Si out of Ni [37, 49], or the result of the
growth of δ-Ni2Si followed by the formation of Ni3Si2
1.
1The phase that we refer to as X was in earlier times identified as Ni3Si2 [33, 53], or
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3. At C, a compressive extremum is reached. This corresponds to the point
where the Ni is fully consumed. The sharp and sudden tensile trend
between C and D has been related to stress relaxation in δ-Ni2Si [37] or
to a combination of stress relaxation and a different growth behavior of
Ni3Si2 and δ-Ni2Si [33, 34].
4. At point D, the force shows a small compressive evolution due to the
growth of NiSi out of δ-Ni2Si and Si. The following tensile evolution
relates to relaxation in the NiSi film, finally leading to total relaxation
at point E.
The curvature data for our reference sample are in excellent agreement with
the results previously reported in literature. Comparison of the curvature and
in situ XRD data suggests that the compressive peak near C is related to the
growth of metal-rich phases. The main limit to an exact stress development
analysis is the transient phase X. Without exact identification of this phase’s
characteristics (such as composition and texture), one can not clearly estimate
its contribution to the stress development.
Ex situ XRD measurements provide higher resolution and cover a wider θ/2θ
range, which can lead to a better identification of the metal-rich phases. Figure
3.2 shows ex situ XRD data (performed with CuKα radiation) for samples
quenched at the temperatures indicated by dashed marks on the curvature
curve in figure 3.1. All the peaks can be attributed to the corresponding phase
as indicated. No extra peaks are detected that could enable the identification of
the X phase2. Relaxation becomes dominant after the complete consumption
of Ni.
Capping layer
Figure 3.3 shows the phase formation and film force evolution when annealing
a 47 nm Ni film with a 3 nm Pt capping layer. The force evolution shows both
qualitative and quantitative agreement when comparing to figure 3.1.
Ni31Si12 [64]. The identification was mainly based on the particular peak at about 54
◦ (47
◦ in the ex situ XRD measurement). The X peak at about 26 ◦ remained systematically
unidentified, as no Ni-rich silicide is supposed to exhibit diffraction at this condition. It was
only recently, based on the results obtained and discussed in chapter 4, that Gaudet et al.
were able to identify this phase X as the hexagonal metastable θ-phase [65]
2In this chapter, we mainly emphasize the correlation between the occurrence of the X
phase, and the high transient compressive stress. For further discussion on the hexagonal
phase and the corresponding growth stress, we refer to chapters 4 and 5.
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Figure 3.3: Force evolution and XRD phase sequence during annealing (at 3 ◦C/s)
of a 3 nm Pt/47 nmNi (CL) film deposited on 250 µm Si. The phase indicated as NiSi
is actually a ternary Ni1−xPtxSi phase.
From the in situ phase formation, it seems that the presence of a thin Pt
capping layer does not significantly influence the early stages of the reaction
at the Ni/Si interface. The in situ XRD shows very good agreement with the
Ni reference, except for a broad peak near 2θ = 61◦ between 370-470 ◦C. This
broad peak (labeled as Y ) is not observed in the Ni/Si system and is probably
related to the Pt addition.
Although the Pt does not seem to react at low temperature, it should be noted
that at high temperature, the Pt eventually does dissolve (and thus reacts)
into the NiSi lattice, thus forming the ternary monosilicide Ni1−xPtxSi. This is
suggested by a small shift of the ex situ NiSi diffraction peaks toward lower 2θ,
compared to the pure NiSi peaks, suggesting a compliance to Vegard’s law3.
3Vegard’s law is an approximate empirical rule which holds that a linear relation exists, at
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Finally, at high temperatures, the NiSi2 nucleation out of the monosilicide is
retarded to higher temperatures compared to the pure NiSi reference. This is
another sign that the ternary reported silicide also forms with an as deposited
Pt capping layer. As Pt was initially added as a capping layer, it can not act
as a diffusion barrier during initial Nickel silicide formation.
Alloy
Figure 3.4 shows the force evolution during the silicidation of a 50 nm Ni(4
at.%Pt) alloy. The measured curve shows a similar qualitative evolution as
the Ni reference. However, the compressive peak is less pronounced, and has
shifted to a higher temperature (420 ◦C).
The transient phase formation is also affected by the presence of a small
amount of Pt. Two weak extra peaks are initially observed for the as deposited
sample, up to total consumption of the metal film; these peaks may correspond
to a Ni-Pt metallic alloy that has somehow formed during deposition, or to a
shift of Ni peaks due to Pt incorporation.
The main difference between AL and pure Ni lies in the metal-rich phase
temperature window. First, the overall formation temperature of the metal-
rich phase zone has shifted to higher temperature. Second, the phase formation
itself in this zone is also slightly different. Both δ-Ni2Si and X can still be
identified with ex situ XRD data (figure 3.5). The peak intensity of phase X
is however much smaller as compared to the pure Ni reference and the CL
sample. At this same angle, at about 420 ◦C another peak is detected (marked
as Z ), that disappears abruptly together with the Ni peak. Almost all potential
phases (table 3.2) show diffraction at about 54 ◦; it is even hard to distinguish
whether this phase is mainly Ni or Pt related. After disappearance of this
peak, the same broad peak Y as seen for the CL is again observed.
Finally, NiSi2 nucleation is, in agreement with the expectations, delayed to
higher temperatures.
Alloying: extension to higher Pt concentrations
From technological point of view, when additional impurity elements are to be
incorporated into a system (such as Pt into the Ni/Si(100) system), alloying
constant temperature, between the crystal lattice constant of an alloy and the concentrations
of the constituent elements [66].
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Figure 3.4: Left: Force evolution and XRD phase sequence during annealing (at 3
◦C/s) for a 50 nm Ni(Pt) film deposited onto 250 µm Si. The dotted lines on the force
curve indicate the targeted quench temperatures used for ex situ XRD analysis. The
phase indicated as NiSi is actually a ternary Ni1−xPtxSi phase.
is preferred above capping or interlayers, because of the better compatibility
with a single deposition process. Additional Ni(Pt) mixed layers were prepared,
with different compositions. The amount of Pt in the film was chosen as 7 at.%
and 10 at.%. The as deposited Ni(Pt) films were targeted to have the same
number of atoms as a pure 50 nm Ni film. Annealing of all these differently
composed films should then result in NiSi and Ni1−xPtxSi films with the same
thickness (about 110 nm).
Figure 3.6 shows in situ XRD measurements for the extra samples, together
with the 4 % AL sample for comparison. When more Pt is added, the metal-
rich phase window slightly delays toward higher temperatures. Three main
phases pose identification problems:
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Figure 3.5: Right: Ex situ XRD results for the as deposited 50 nm Ni(Pt)/Si samples
after being annealed to 280, 330, 360, 415, 440 and 700 ◦C at 3 ◦C/s
• The phase originally marked as phase X, seems to disappear when more
Pt is added: the two corresponding X peaks at about 27 ◦ and 54 ◦ are
no longer detected.
• The diffraction peak at about 54 ◦ that was labeled as Z (fig. 3.4) seems
to become more pronounced when more Pt is added, suggesting that this
peak corresponds to a phase that contains Pt. The peak systematically
disappears simultaneously with the Ni peak. The point at which this
occurs shifts systematically to higher temperature with increased Pt
concentration.
• The broad Y peak, that immediately follows the Ni consumption, also
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Figure 3.6: In situ XRD and in situ stress (3 ◦C/s) for Ni(Pt)/Si(100) systems, with
Pt equal to 4, 7 and 10 at.% in a 50 nm Ni(Pt) film.
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gets more pronounced with increasing Pt addition.
The phase formation shown in figure 3.6 shows a tendency with increasing
Pt addition. However, due to the high number of low-symmetry phases that
can be involved (see table 3.2), extra characterization methods are required
to provide complementary information for phase identification.
The transient stress development does not differ very much, whether 4, 7 or 10
at.% of Pt is present in the Ni film. The compressive peak sligtly shifts towards
higher temperatures, which is in agreement with the delay of the metal-rich
phase formation. Quantitatively, the exact amount of Pt addition does not
significantly affect the magnitude of the compressive stress peak.
Overall, it seems that the overall transient behavior does not change signifi-
cantly when the amount of Pt in the Ni(Pt) layer is varied between 4 at.% and
10 at.%. The difference between addition of a minimum amount of Pt and a
‘pure’ Ni film is more pronounced.
Interlayer
Figure 3.7 shows the force evolution and phase sequence when annealing
a 47 nm Ni/3 nm Pt/Si structure, where Pt is present as an interlayer.
Again, the shape of the force curve is similar to that of pure Ni. However,
similar to the alloy film previously described, the features have shifted toward
higher temperatures, and the compressive peak is much less pronounced. The
maximum compressive value is now reached at 450 ◦C. The corresponding
value is about -10 N/m, which is significantly smaller than the extremum of
-55 N/m reached at 3 ◦C for the pure Ni film. A second compressive extremum
is reached at about 470 ◦C.
From the in situ XRD, it is clear that the Pt interlayer strongly limits the
formation of metal-rich phases. Only a limited number of metal-rich silicide
diffraction peaks could be detected in a temperature range, starting at about
320 ◦C and reaching a maximum intensity in a narrow temperature window
around 450 ◦C. Figure 3.8 shows the ex situ XRD results after annealing and
quenching similar IL samples at temperatures indicated on the force curve.
From the ex situ XRD data, the high number of diffraction peaks at 450◦C
and their good agreement suggest that at least orthorhombic δ-Ni2Si is present.
No clear evidence of other Pt rich silicide or Ni-rich phases was found. At high
temperature, no clear NiSi2 peaks are detected.
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Figure 3.7: Force evolution and XRD phase sequence during annealing (at 3 ◦C/s)
of a 47 nm Ni/3 nm Pt (IL) film deposited onto 250 µm Si. The dotted lines on the
force curve indicate the targeted quench temperatures used for ex situ XRD analysis.
The phase indicated as NiSi is actually a ternary Ni1−xPtxSi monosilicide phase.
3.3.2 Thermal stress
When cooling down the samples after the formation of the monosilicide,
one observes a build-up of thermal stress, due to the mismatch in thermal
expansion coefficient between film and substrate. In order to study the
influence of Pt on the residual stress in the Ni1−xPtxSi films at room
temperature, Ni-Pt alloy samples were deposited with 0, 4, 7 and 10 at.%.
These samples were annealed at 3 ◦C/s to 700 ◦C and cooled down to room
temperature at 1 ◦C/s. Figure 3.9 shows the stress evolution when reheating
these preformed 110nm silicide films on Si at 1 ◦C/s.
Each sample starts at room temperature from a certain positive value, which is
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Figure 3.8: Ex situ XRD results for the as deposited 47 nm Ni/3 nm Pt/Si samples
after being annealed to 350, 430, 450 and 700 ◦C at 3 ◦C/s
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the result of the linear build-up of stress due to thermal expansion mismatch
between the Ni1−xPtxSi film and the Si substrate. The corresponding film
stress σf at room temperature can be easily calculated from the known
monosilicide film thickness. These stresses are respectively 0.7 GPa, 0.9 GPa,
1.0 GPa and 1.1 GPa. The thermal stress curve observed during heating of
the pre-annealed samples is similar to the curve measured during cooling, as
previously observed for a thin NiSi film [26, 67]. Upon heating, the film stress
decreases linearly until the critical temperature is again reached at which point
the stress relaxes. When up to 10 at.% of Pt is added, the slope of the thermal
stress curves does not change significantly. However, the temperature of total
relaxation gradually increases with the amount of Pt added to the film.
Figure 3.9 shows the data from a similar experiment for three samples with
a similar Ni/Pt ratio of ±4 at.%, but where the Pt was deposited either as
an interlayer, capping layer, or alloyed within the Ni film. The as deposited
sample was first annealed at 3 ◦C/s to 700 ◦C, followed by a controlled ramp
down back to room temperature at 1 ◦C/s. The stress data shown in figure 3.9
were recorded while reheating the formed monosilicide film at a rate of 1 ◦C/s.
All of the Pt containing films exhibit a higher stress at room temperature than
pure NiSi (0.9 GPa, 0.9 GPa and 1.1 GPa as compared to 0.7 GPa for pure
NiSi). Upon reheating, the AL and CL stress curves vary linearly showing a
similar slope as the NiSi reference, while the IL curve exhibits a different slope.
From the intercept with the Temperature-axis, it is clear that all Ni1−xPtxSi
samples have a higher relaxation temperature than pure NiSi.
3.3.3 Ex situ study: Texture of Ni1−xPtxSi
The ex situ XRD measurements performed on the NiSi and Ni1−xPtxSi
(from CL, AL and IL) films show that the typical diffraction peaks have
different intensities from one sample to another. This is a first indication
that the Ni1−xPtxSi films are differently textured depending on the way in
which Pt was initially added. XRD pole figures are an ideal tool to obtain
statistical information about the distribution of grain orientations present in
the specimens. Figure 3.10 shows (112) pole figures for pure NiSi, and for
Ni1−xPtxSi with 4%Pt initially added as IL, AL or CL in the as deposited
Ni film. The pole figures indicate that all monosilicide films exhibit preferred
grain orientation. The linear patterns on the pole figures for the pure NiSi and
the CL and AL samples indicate the occurrence of axiotaxy, i.e. the preferred
alignment of NiSi(211) or NiSi(202) lattice planes with Si(110)-type planes in
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Figure 3.9: (TOP) Thermal stress (at 1 ◦C/s) in 110 nm thick monosilicide films,
formed from Ni-Pt alloys with 0, 4, 7 and 10 at.% Pt. (BOTTOM) Thermal stress (at
1◦C/s) in 110 nm thick monosilicide films with 4 % Pt, formed from Ni/Pt/Si (IL),
Pt/Ni/Si (CL) or Ni-Pt/Si (AL) as deposited structures, compared with the thermal
stress in a pure 110nm NiSi film (Ni).
the substrate [21, 68]. The Ni1−xPtxSi formed in the presence of a Pt interlayer
appears epitaxially aligned with respect to the single crystal Si substrate.
Based on additional pole figure measurements, the epitaxial alignment could
be identified: Ni1−xPtxSi(013)∼//Si(101) and Ni1−xPtxSi(210)//Si(1¯02).
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Figure 3.10: (112) NiSi and Ni1−xPtxSi pole figures with 4 at.%Pt added as capping
layer (CL), alloy (AL) and interlayer (IL). The IL epitaxial alignment is identified as
Ni1−xPtxSi(013)∼//Si(101) and Ni1−xPtxSi(210)//Si(1¯02).
Table 3.2: (TOP) Overview of the Ni silicides, Pt silicides and Pd silicides as
found on the corresponding binary diagram. (DOWN) Binary metallic alloys from
corresponding phase diagram
Ni crystal Pt crystal Pd crystal
silicide structure silicide structure silicide structure
Ni Cubic Pt Cubic Pd Cubic
Ni3Si2 Orthorhombic
Ni31Si12 Trigonal Pt2Si Tetragonal Pd2Si Hexagonal
Ni3Si2 Orthorhombic Pt3Si Cubic Pd3Si Orthorhombic
δ-Ni2Si Orthorhombic
θ-Ni2Si Hexagonal
NiSi Orthorhombic PtSi Orthorhombic PdSi Orthorhombic
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3.4 Discussion
3.4.1 Growth stress and phase formation
From the measurements shown in figures 3.1, 3.3, 3.4 and 3.7, one can draw
two general conclusions.
• the evolution of the growth stress is qualitatively similar for all samples.
• for as deposited Ni-Pt alloys and Ni/Pt/Si interlayer structures, the
presence of Pt in the as deposited Ni film reduces the transient
compressive stress during growth. Tsai [63] reported a similar behavior
for Ni/Pd/Si interlayer structures.
When comparing the in situ curvature measurements with the corresponding
XRD data, it is clear that the transient compressive stress occurs during the
growth of Ni-rich phases (δ-Ni2Si and/or the X phase). In the presence of
a sufficient amount of Pt near the Ni/Si interface (i.e. for Ni-Pt alloys and
especially for Ni/Pt interlayers), the formation of these Ni-rich phases is de-
layed or even inhibited. Multiple effects can be thought of that simultaneously
contribute to the decrease of the compressive growth stress:
• The (unstrained) in-plane lattice parameters a of film and substrate
depend on temperature, due to thermal expansion. Suppose that the
formation of a phase occurs at an elevated temperature T . In unstrained
state, film and substrate have a respective in-plane parameter af (T ) and
as(T ), which directly depends on temperature. Therefore, the effective
relative mismatch at this temperature (i.e. the interface mismatch strain
ǫ(T ) =
af (T )−as(T )
as(T )
) directly depends on the temperature at which the
phase has grown. External factors (such as the incorporation of extra
elements) affecting the formation temperature of a phase, will therefore
also affect the interface mismatch at the moment of formation of this
phase.
• If the formation of a phase occurs at higher temperature, the accompa-
nying growth stress will relax faster, resulting in a smaller build-up of
transient growth stress.
• If a certain phase is skipped from the phase sequence, the stress which
is normally generated during its growth will no longer be observed.
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The first issue was already pointed out by Mangelinck [56] for epitaxial NiSi2
films, and by D. Smeets for CoSi2. It is likely that this effective mismatch at the
moment of formation effect is of more relevance for epitaxial films, for which
this lattice mismatch is actually the factor that fully determines epitaxial
growth. As in our case films are still polycrystalline (with a certain degree of
preferential grain orientation, but still polycrystalline), it is likely that mainly
the second and third point account for the decrease of the compressive growth
stress at high temperature.
Phase formation
The correlation between the growth stress and the formation of Ni-rich phases
is evident from the data. One can now wonder by which mechanism the
addition of Pt can delay or even inhibit the formation of Ni-rich phases.
According to the experimental data, the effect of Pt on the phase sequence
strongly depends on the location of the Pt within the as deposited layer
structure.
When adding Pt as a capping layer, the phase sequence is identical to that
of pure Ni. In case of a Ni(Pt) alloy, metal-rich phases are still observed,
though they are found to form at a higher temperature. For a Pt interlayer,
the formation of Ni-rich phases is very limited. This suggests that the
concentration of Pt near the Ni/Si interface determines whether the Ni-rich
phases are able to nucleate.
Indeed, if the Pt concentration is large near the interface, one is in fact studying
nucleation and growth in a Ni-Pt-Si ternary system. In this case, the only way
to nucleate a pure metal-rich NixSiy phase is by expelling Pt from the reaction
region, which may explain the increased formation temperature in the presence
of Pt, and the disappearance of the metal-rich phase X phase in case of Pt
interlayers.
Alternatively, one could also imagine the formation of a ternary metal-rich
NixPtySi phase. The only Pt-rich phase which has been reported during the
reaction of thin Pt layers and Si is Pt2Si. However, according to table 3.2, the
crystallographic structure of Pt2Si and δ-Ni2Si are not compatible. Up to a
low solubility limit, small amounts of Ni (or Pt) might be soluble in Pt2Si (or
δ-Ni2Si). However, it seems unlikely that δ-Ni2Si and Pt2Si could be miscible
over an extended concentration range.
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Transient phases
From the above discussion, it seems that in the particular case of this
Ni-Pt-Si reaction, XRD measurements alone are not enough to distinguish
between the different phases. Other characterization techniques should then
be used, that might provide additional information on the phases that are
present on every moment of the reaction. Rutherford Back Scattering (RBS)
provides more information on the composition and the position (interface
or surface) of a certain phase in a reacting system. Finstad [62] performed
RBS measurements to study diffusion and silicide formation in Ni/Pt bilayers,
deposited on Si. Recently, Demeulemeester et al. performed in situ real time
RBS measurements on the Ni(Pt)/Si system [69]. According to the RBS
results, the initial upon reacting Ni(Pt)/Si, is the formation of a Pt poor
δ-Ni2Si phase at the interface, leaving a highly enriched Ni-Pt layer at the
surface. The next observed reaction was a sudden fast diffusion of these surface
Pt atoms to the interface, along the δ-Ni2Si boundaries. Once the diffusing Pt
species reach the interface, the Pt immediately gets incorporated into the
growing NiSi seeds.
The Z peak
• develops towards the end of the Ni(111) peak temperature range
• coexists with δ-Ni2Si
• disappears suddenly, and simultaneously with the Ni peak
This peak may correspond to this Pt-rich Ni-Pt surface layer. The Y peak
may correspond to a Pt(200) diffraction peak, into which some Ni is solved.
3.4.2 Thermal stress
When heating or cooling a preformed silicide film on a substrate, the stress
in the film is known to vary linearly with the temperature T because of the
difference in thermal expansion between film and substrate:
F
w
= σthermal · hf = − (αfilm − αsubstrate) (T − T0) (Ms)film
with α the linear thermal expansion coefficient (LTEC), T0 the initial tempe-
rature and Ms the biaxial modulus. When heating at a constant rate, above
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Table 3.3: Slope (+error) + relaxation temperature (+error) of the data in figure
3.9, calculated by linear regression
Slope Trelax
(N/◦Cm) (◦C)
NiSi -0.2113 ± 0.0002 396 ± 2
4%AL -0.2288 ± 0.0002 450 ± 2
7%AL -0.2457 ± 0.0002 474 ± 2
10%AL -0.2496 ± 0.0002 499 ± 2
4%CL -0.2157 ± 0.0002 469 ± 2
4%IL -0.2516 ± 0.0002 479 ± 2
a certain temperature thermally activated relaxation mechanisms are able to
occur, and allow for a total film stress relaxation above that temperature.
Hence, the residual stress at room temperature depends theoretically both on
the relaxation temperature and the slope of the curve, the latter determined
by the biaxial modulus Ms and LTEC α of NiSi.
It is possible that the substitutional Pt atoms have an influence on these
material constants. Table 3.3 shows the calculated slopes from figure 3.9.
Gradually varying the atomic percentage of Pt from 0 to 10 at.% in Ni1−xPtxSi
corresponds to a gradual increase of the slope. However this influence on the
slope is quite limited. This suggests that the slope does not depend strongly
on the atomic composition of the silicide film. This can be explained by the
fact that the bulk modulus and LTEC of a material are usually inversely
proportional, based on their respective relationship with the theoretical atomic
potential curve4. Even if the addition of Pt would influence both α and Ms,
the product ∆α ·Ms is still expected to remain fairly constant.
The observed increase of the residual stress at room temperature results
mainly from an increase of the relaxation temperature in the presence of
Pt. Relaxation in polycrystalline silicide films is generally caused by atom
and dislocation movement. Solute atoms are known to raise the overall level
of a stress-strain curve as a whole, which is an indication of the fact that
4This inversely proportional relationship is known as the Gruneisen equation. From the
Lennart-Jones potential, the LTEC relates to the asymmetry of the energy well, while the
elasticity modulus E relates to the depth of the well. Intuitively, in view of the shape of
the atomic well, one can expect that the LTEC and E are somehow interrelated. This
was theoretically calculated by Gruneisen: the Gruneisen equation combines the thermal
expansion of a material to the material’s stiffness in an inversely proportional way [27].
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solute atoms have an influence on the frictional resistance to dislocation motion
[30]. This strengthening mechanism for bulk materials might be one possible
explanation why higher temperatures are required for the dislocations to move
and relax the film stress by dislocation movement in the Ni1−xPtxSi solid
solution.
When comparing the influence of the initial position of the Pt in the
as deposited film (fig. 3.9 and table 3.3), the relaxation point of all Pt-
containing samples has shifted toward higher temperature. Moreover, the
thermal stress for the sample with a Pt interlayer exhibits yet another feature:
the measurement exhibits a different slope as well. All considered Ni1−xPtxSi
films contain the same proportion of Ni, Pt and Si atoms. As the composition
is actually the same, the measurement in figure 3.9 suggests that the thermal
stress development is not only determined by the film’s atomic composition.
The main characteristic of the NiSi film that can be thought of to be different
for the considered set of samples, is the texture. Some papers already reported
(by means of ex situ XRD) on a slightly different NiSi orientation when Pt
was added either as an interlayer [71] or an alloy [53]. The AL sample was
reported to show a strong alignment of the NiSi(020) plane. Both results are
in good agreement with our ex situ XRD results.
Whereas ex situ XRD only offers information on the alignment of diffraction
planes that are aligned parallel to the surface, pole figures provide additional
statistical information about the overall distribution of grain orientations
present in the specimens. Pole figures for the samples from figure 3.9 are
shown in figure 3.10.
The CL pole figure does not differ significantly from the pure NiSi reference
pole figure. The AL pole figure still exhibits signs of the axiotaxial alignment,
while the IL sample consists of an epitaxially aligned film.
When comparing fig. 3.9 and fig. 3.10, it seems that out of this set of four
samples, in both cases the interlayer samples exhibits the exceptional behavior.
This suggests a link between the thermal expansion of the film, and the
epitaxial alignment. One can now think of several possible ways in which the
thermal stress can be influenced by the epitaxial alignment of the grains.
• The lattice mismatch at the interface between the unstrained lattice
parameters af and as of film and substrate forces the film atoms in a
certain position, inducing a mismatch strain ǫ = (af -as)/as.
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• Because of the epitaxial interface, nucleation and propagation of the
dislocations that allow for plastic deformation and stress relaxation
might require higher temperatures, which would result in a higher
relaxation temperature. However, the relaxation temperature of the
strongly textured IL sample on one side, and the more random aligned
AL and CL sample on the other side, seems to be more or less the
same. Moreover, this does not explain the different slope from the in
situ measurement.
• The elastic properties and/or the thermal expansion of the film material
can be anisotropic. The LTEC of NiSi is indeed known to be very
anisotropic [70] and it is reasonable to suppose the biaxial modulus to
be anisotropic as well. NiSi has been reported to contract along the b
axis (-43 ppm/◦C) and to expand along the a and c axis (respectively
42 and 34 ppm/◦C) upon heating. Hence, the slope of the thermal stress
curve as presented in equation 3.1 depends indirectly on the film texture
through the anisotropy of α and Ms.
We now refer back to the mechanism by which we estimate the film stress.
The stress is measured along a single direction in the interface plane. Since
the film consists of multiple grains, the measured macroscopic value for the
thermal expansion is the result of the net contribution of all individual grains.
For a textured film of a strongly anisotropic material like NiSi, the macroscopic
in-plane expansion will therefore depend on the statistical distribution of grain
orientation (i.e. on the texture of the film). For example, in the extreme case
where all grains are oriented with the b-axis along the in-plane direction in
which stress is measured, one could actually expect to observe contraction
when heating. The principle of this concept is illustrated in figure 3.11.
Mathematically, this can be quantified as follows. Every grain shares the same
thermal expansion tensor. Using the orientation matrix of the grain, one can
calculate a value for the thermal expansion in the substrate plane, caused
by this single grain. When calculating so for all grains, the average value of
these individual contributions corresponds to the macroscopic behavior of the
film. The statistical distribution of grain orientation thus needs to be taken
into account. For every particular preferential grain orientation, one should
calculate the particular value for the in-plane thermal expansion.
We first use this concept to calculate the in-plane thermal expansion for a
normal random axiotaxially aligned NiSi film. Based on the pole figure (fig.
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Figure 3.11: Sketch of a NiSi film on Si substrate system. The arrows indicate
the three dimensions in which the film expands/contracts when temperature is
raised/lowered. It illustrates the idea how the film strain (thermal expansion or
contraction) as it is measured for a sample in this research, is the result of the
total contribution of all separate grains. The planar expansion is restricted by
the attachment to the substrate and causes the thermal film stress, while the
perpendicular expansion is not withheld by substrate attachment and can freely
occur. The dashed line indicates a grain that is preferentially oriented along
Ni1−xPtxSi(013)∼//Si(101) and Ni1−xPtxSi(210)//Si(1¯02) or one of the symmetric
substrate equivalents. This particular orientation implies the b-axis slightly tilted out
of plane. It should be noted that in-plane and perpendicular strain are not fully
independent: they are interrelated through the material’s Poisson’s ratio ν.
3.10) and an additional EBSD measurement on the same sample, the statistical
distribution of the grain orientation could be deduced. The resulting grain-
averaged in-plane thermal expansion of the pure NiSi film was calculated to
be about 12 ppm/◦C. This corresponds indeed to an average contribution of
the a, b and c-axis.
For the IL sample however, the particular preferential grain orientation
observed implies a preferential orientation of the b-axis slightly tilted out
of the interface plane. When assuming the film to be fully epitaxial, with the
preferential orientation mentioned before, we calculate a total in-plane thermal
expansion of about 18 ppm/◦C.
This implies indeed an in-plane thermal expansion that is about 50 % higher,
compared to the pure NiSi film. When calculating the effective difference in
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thermal stress slope trough (αfilm − αsubstrate), this leads to a slope that is
theorticaly about 60 % higher. The experimental difference in observed slope
between this NiSi reference and the IL is only about 20 % (see table). This
smaller value may be related to the anisotropic nature of the biaxial modulus,
on which information is very sparse. Another possibility is the fact that the
texture is not 100 % epitaxial, but contains a considerable fraction of random
oriented grains as well.
3.5 Addition of Pd
In the previous section it was shown that the addition of Pt to the Ni/Si
system has a strong influence on the growth stress and on the residual
stress development during cooling. In this section, we investigate whether an
analogous result can be established when Pd is added to the system.
PdSi and NiSi share the same MnP orthorhombic structure, with lattice
parameters that do not differ much (for PdSi a = 5.6097 A˚, b = 3.38502 A˚,
c = 6.1446 A˚). It shows a similar solubility in the different Ni-silicides: Pd is
miscible in NiSi resulting in a ternary Ni1−xPdxSi silicide, and non-miscible
in NiSi2. It has indeed already been shown that the addition of Pd to the
Ni/Si system shows a similar behavior as Pt concerning the NiSi film’s phase
stability.
The binary Pd silicidation mechanism differs from the Pt silicidation reaction.
For Pt, the initially forming phase is Pt2Si, followed by PtSi after complete
consumption of the Pt film. Both phases grow diffusion-controlled. In case of
Pd/Si(100) silicidation, the first Pd-silicide forming is Pd2Si, followed by PdSi.
The effect of Pd addition to a 50 nm as deposited Ni film was investigated with
the same characterization methods as the addition of Pt. Pd was added as a
CL, AL and IL, and the amount of Pd was also varied in significant atomic
ranges between 4 to 10 atomic %. For an overview of the samples investigated,
we refer to table 3.4. In situ XRDmeasurements were carried out to investigate
the effect of Pd addition on the phase sequence, and to check for a potential
correlation with the texture of the final ternary monosilicide. The addition
of Pd as either CL, IL or AL was found to have an influence on the phase
sequence (figure 3.12). Figure 3.13 shows (112)NiSi pole figures. Once again,
the way Pd is initially added strongly correlates with the final NiSi texture.
Addition of Pd as IL strongly decreases the axiotaxial components and leads
to an epitaxially aligned NiSi film.
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Table 3.4: Overview of sputtered Ni-Pd metal films, on 250 µm Si. An extra 2 nm Si
cap was deposited on top of the samples. The mentioned thicknesses of the separate
components of the alloys are the thicknesses in case of a bi-layered deposition.
Ni Pd/Ni Ni(Pd) Ni/Pd
50nm 3nm/47nm 47nm(3nm) 47nm/3nm
Figure 3.12: In situ XRD measurements (recorded at 3 ◦/s) when 4 at.%Pd added
as either capping layer, alloy, or interlayer, into a 50 nm Ni film on Si(100). A pure
50nm Ni/Si(100) sample is presented for comparison.
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Figure 3.13: (112) NiSi and Ni1−xPdxSi pole figures when 4 at.%Pd was
initially added as capping layer (CL), alloy (AL) and interlayer (IL) into a
50 nm Ni film on Si(100).
3.6 Conclusions
In situ XRD and curvature measurements were used to study the effect of
Pt on the phase formation and the growth stress during the formation of
Ni1−xPtxSi. The Pt was added to the as deposited Ni film as a capping layer,
an alloy or an interlayer. The capping layer showed similar results as the pure
Ni sample. The alloy and interlayer sample revealed a significant decrease of
the maximum compressive forces reached during silicidation. This could be
related to a significant increase of the formation temperature of the metal-
rich phases and a less complex metal-rich phase sequence. This effect was
most visible for the Pt interlayer, where only a single metal-rich phase was
detected, and identified as δ-Ni2Si.
Curvature measurements were also performed while reheating a pre-formed
Ni1−xPtxSi film. The effect of substitutional Pt was investigated on the
thermal stress in the film. For all considered samples (CL, AL and IL), the
addition of Pt causes a significant increase of the stress relaxation temperature,
resulting in a higher residual film stress after cooling. For a Pt interlayer, an
additional feature is observed: the slope of the thermal stress is affected by
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the strong particular epitaxial alignment of the monosilicide grains, identified
as Ni1−xPtxSi(013)∼//Si(101) and Ni1−xPtxSi(210)//Si(1¯02). We can resume
by saying that the addition of Pt can affect the NiSi residual film stress in two
different ways:
• directly, by increasing the temperature at which stress starts building
up during cooling
• indirectly, by affecting the final NiSi texture and hence the grain-
averaged thermal in-plane contraction upon cooling of the NiSi film.
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Chapter 4
Phase formation in Ni(Si)
intermixed layers
Introduction
In the previous chapter, it was shown that the addition of metallic alloying
elements (Pt) to the Ni/Si system strongly reduces the transient compressive
film stresses that develop upon annealing at the initial stage of Ni-silicidation.
This could be related to a modification (or even suppression) of the Ni-rich
phase development at low temperature.
Yet, as alloying elements are added, the investigated system is in fact a ternary
system, which complicates the interpretation of the observed phenomena. It is
therefore hard to distinguish between features that are directly related to the
incorporation of impurities, or to the binary Ni-Si system that can be modified
by the presence of impurities.
In this chapter we investigate the effect of pre-mixing Si within the as deposited
Ni film. As Si is an elementary component of the NiSi (and its preceding
phases), one is in fact studying a purely binary system. It is well-known that
the phase formation in the conventional Ni/Si system is complex to analyze,
due to the simultaneous appearance of multiple Ni-rich phases at the initial
stage of reaction (see section 1.4.1 and figure 4.1). Investigation of an artificial
ratio-controlled Ni-Si system, may provide more fundamental insight in the
early phase formation.
Ex situ work on formation and modification of the initial phase in the Ni/Si
system was already reported in literature. Natan [72] performed a study on
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Figure 4.1: In situ XRD plot of the phase formation of 50 nm Ni on Si(100) at 3
◦C/s. Several diffraction peaks at low temperature (250-400 ◦C) cannot be identified.
The main unidentified phase is referred to as X .
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rapidly annealed thin 200 A˚ Ni/Si/Ni films. It was found that in these layers
an amorphous Ni-Si mixture initially formed as precursor, and that first
crystallization could lead to a coexistence of multiple phases. Jensen et al.
found that the nucleation of the first phase could be modified, if complete
Ni-Si interdiffusion could be achieved prior to initial phase nucleation [73]. In
particular, the authors reported on the preparation of a NiSi layer without
any intermediate phases, by annealing a multilayer structure composed of
sequential 20 A˚ Ni and Si layers.
A previous in situ study of Ni/poly-Si/SiO2 stacks, performed by Kittl et al.
[74] followed the phase sequence and identified Ni to Si ratios to obtain selected
end phases for fully silicided gates in CMOS devices. This study revealed
the formation of transient phases that appeared and disappeared in narrow
temperature ranges, competing with the formation of the phases expected in
the conventional phase sequence.
In this chapter, we perform a systematic in situ investigation on the phase
formation in these Ni(Si) intermixed layers with different composition, on both
oxide and Si(100) substrates.
Anneal experiments are first performed for the Ni(Si) films on SiO2 substrates.
Upon heating, the ratio-controlled Ni-Si mixture will form Ni-silicides. The
formation of the first phase is expected to be governed by nucleation since no
long range diffusion is required in these mixed films. The reaction is monitored
by in situ XRD. The main information we target to obtain is
• which is the first phase to nucleate from a mixed Ni-Si layer with a
certain uniform atomic composition?
With the gathered information on the crystallization point and first forming
phases in the mixed Ni(Si) film, we then systematically study the phase
formation for premixed Ni-Si layers on Si(100). We focus on several questions:
• How does the initial crystallization influence the transient phase se-
quence upon NiSi formation? (in situ studies)
• How does the addition of extra Si affect the properties (resistivity, stress,
texture ..) of the targeted NiSi layer? (ex situ studies)
• How does the addition of extra Si affect the transient stresses upon
growing NiSi? (in situ studies)
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• Is there a significant difference in residual stress in the NiSi film? (ex
situ studies)
4.1 Experiments - Depositions and techniques
We performed a systematic series of 22 depositions. In every deposition, 4
types of substrates were mounted in the deposition system: 250 µm p-Si(100),
SiO2 substrates, SOI substrates and poly-Si substrates. The SOI substrates
had a Si thickness of 117nm and a (001) orientation. The poly-Si substrates
consisted of a 150 nm poly-Si top layer on an oxide substrate, and were pre-
processed (10 s at 1000 ◦C) to fully crystallize the poly-Si, in order to avoid
additional confusing effects of grain growth in the underlying Si upon annealing
of the Ni(Si)/poly-Si samples. The SOI and p-type Si(100) samples were RCA-
cleaned, and shortly etched in dilute HF.
Before deposition, the sputter chamber was pumped down to a pressure of
2·10−7 mbar. All Ni films were sputtered under the same sputter conditions
(time, sputter power, Ar pressure of 5 · 10−3mbar). The amount of Ni was
kept constant for all depositions, and corresponds to the amount of Ni in a
pure 50nm Ni film (i.e. 45 · 1016 atoms/cm2). During Ni deposition, Si was
co-sputtered from an extra target from which the sputter power was varied to
achieve the desired film composition. A systematic series of 22 samples with
different atomic Si to Ni ratios between 0 and 50 at.% Si was prepared by
this method. On top of every Ni-Si deposited mixture, a thin (1-2 nm) Si
cap was sputtered to prevent the samples from oxydation prior to and during
annealing.
The exact Si to Ni atomic ratio in the as deposited film was measured after
deposition by Rutherford Back Scattering (RBS). The composition of the
considered set of samples is given in the first column of table 4.1.
In situ XRDmeasurements were performed at the NSLS X20C beamline. Prior
to annealing, the chamber was evacuated to 7·10−4Pa and purged with He. The
samples were typically heated at 3 ◦C/s. For all samples, two measurements
were performed covering two different 2θ ranges. Unless otherwise specified,
no offset was given to the beam/detector setup i.e. the beam was incident at
an angle with a value equal to half of the center angle value of the covered 2θ
range.
High resolution pole figures were measured at the NSLS X20A beamline. A
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Table 4.1: Left: Overview of the composition of the set of Ni(Si) samples. Based
on similar phase sequence upon heating, the samples were grouped in ranges (O for
oxide, S for Si(100). Tc is the initial temperature of phase crystallization, and the first
crystallized phase is mentioned.
SiO2 Si(100)
at.%Si Range Tc (
◦C) First phase Range Tc (
◦C) First phase
0 O1 / / S1 250 Ni2Si
12 / / 250 Ni2Si
18 450 Ni31Si12 250 Ni2Si
21 O2 400 Ni31Si12 S2 250 Ni31Si12
23 300 Ni31Si12 250 Ni31Si12
24 250 Ni31Si12 240 Ni31Si12
26 240 Ni31Si12 240 Ni31Si12
29 230 Ni31Si12 230 Ni31Si12
31 O3 280 δ-Ni2Si S3 270 δ-Ni2Si
35 O4 210 δ-Ni2Si+θ S4 220 δ-Ni2Si+θ
36 280 δ-Ni2Si+θ 280 δ-Ni2Si+θ
37 280 δ-Ni2Si+θ 350 δ-Ni2Si+θ
38 350 δ-Ni2Si+θ S5 370 θ
39 O5 400 θ 370 θ
40 420 θ 370 θ
41 420 θ 400 θ
43 O6 380 θ 380 θ
44 380 θ S6 380 θ
45 380 θ 370 θ
46 350 θ 350 θ
47 350 θ 350 θ
49 O7 320 NiSi+θ S7 320 NiSi + θ
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Si-monochromator was used to select the energy of the photon beam (λ=1.54
A˚). The pole figure results can directly be compared to the ex situ XRD
measurements performed at Ghent University.
All in situ stress and sheet resistance measurements were performed in a home-
built in situ system at Ghent University. Measurements were performed at 3
◦C/s in a He-controlled atmosphere. To minimize the confusing effect of the
thermally induced (undesired) curvature of the substrate, we used the Ni(Si)
films on thin 250 µm p-Si(100) substrates for the stress measurements.
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4.2 Ni-Si mixed layers on oxide
4.2.1 Phase formation - experimental results
Upon heating of the Ni(Si) film on oxide, the Ni(Si) mixture will crystallize into
Ni-silicides. The initial point of crystallization, as well as the first crystallizing
phase, are expected to be determined by the percentage of Si added. In situ
XRD is an ideal characterization method to detect both features.
For every sample from the set, 2 in situ XRD measurements were performed.
Figure 4.2 shows two in situ XRD measurements of 6 samples with different
Ni(Si) composition, covering two different 2θ angle ranges (left and right).
The phase formation was recorded when heating at 3 ◦C/s from 100 ◦C to
950 ◦C. 2θ is given on the vertical axis and temperature on the horizontal
axis. The measured XRD intensity is plotted as a gray scale map, with white
corresponding with the highest intensity.
In the as-deposited state, all samples with a Si content ≤ 24% still exhibit the
Ni(111) diffraction peak. For samples with a Si content ≥ 26%, the Ni(111)
peak is not clearly observed anymore, indicating an amorphous character of
the as-deposited Ni(Si) mixture.
Upon ramped heating of the Ni(Si) samples, silicidation is supposed to set
in. For the sample with lowest Si concentration (≤12 at.%Si), no silicide
diffraction peaks were detected upon heating. For all other samples, silicidation
was detectable with in situ XRD. The temperature at which each silicide
phase appeared and disappeared was systematically recorded. Where needed,
samples were quenched and additional ex situ XRD measurements were
performed for further phase identification. An overall schematics of the XRD
results over the full temperature range [100 ◦C-950 ◦C] is presented in fig. 4.3.
The measurements are ordened by increasing Si percentages. As the Si content
increases, one notices systematic changes in the phase sequence at distinct Si
concentrations. With increasing Si concentration, we found following 7 phase
sequences (the exact compositions of the O-ranges are given in table 4.1):
• O1. Ni(0-12%Si)
• O2. Ni(18-29%Si) → Ni31Si12 → Ni3Si + Ni31Si12
• O3. Ni(31%Si) → Ni2Si → Ni31Si12 + Ni2Si
• O4. Ni(35-38%Si) → Ni2Si + θ → δ-Ni2Si + Ni3Si2 → δ-Ni2Si + θ
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Figure 4.2: In situ XRD plots (left [25◦-39◦] and right [48◦-52◦]) of the silicidation
at 3 ◦C/s of 50 nmNi(Si)/SiO2, with respectively 26%, 31%, 37%, 40%, 46% and 49%
at.%Si mixed into the as deposited Ni film. The O-ranges are given in table 4.1
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Figure 4.3: Schematic of the phase formation upon heating at 3 ◦C/s of 19 samples
with different at.% Si in the Ni(Si)/oxide system. The schematic was deducted from
systematic in situ XRD data in ranges [25◦-39◦] and [48◦-52◦] from room temperature
to 950 ◦C.
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• O5. Ni(39-41%Si) → θ → Ni3Si2 → θ
• O6. Ni(43-47%Si) → θ → Ni3Si2 + NiSi → θ + NiSi
• O7. Ni(49%Si) → NiSi + θ → NiSi
4.2.2 Low-temperature nucleation of a hexagonal silicide
We focus on the first phase formation in the amorphous Ni(Si) mixture. As
no extra Si from a substrate is available, the initial reaction is expected to
be a pure crystallization reaction. Table 4.1 lists the initial temperature at
which a silicide phase could be detected with in situ XRD, and the initially
crystallized phase (or the combination of phases that initially crystallize).
A remarkable feature is noticed: for certain Si concentrations, the hexagonal
θ-phase is observed to nucleate from the amorphous layer. Particularly
remarkable is the temperature at which this θ-phase appears: the temperature
at which the phase crystallizes, is situated far below the expected stability
range given on the binary phase diagram (figure 4.4).
Literature on hexagonal θ-Ni-silicide The most remarkable observation
from the in situ phase formation measurements, is the appearance of a
transient hexagonal phase. The only hexagonal phase on the Ni-Si phase
diagram is the θ-Ni2Si phase, with a stability range that is situated above 825
◦C, and composition dependent. Several publications are found in literature
that discuss the character of this hexagonal θ-Ni2Si phase [15, 17, 75, 76]. The
first to mention its existence were Osawa and Okamoto in 1939 [77]. They
observed θ-Ni2Si as a modification of the orthorhombic δ-Ni2Si structure,
with the structure modification occurring at 1214 ◦C. Based on powder
photographs, they described this phase by lattice parameters a = 3.797 A˚
and c = 4.892 A˚ , with the unit cell containing two Ni2Si molecules. Toman
[75] slightly adapted the unit cell dimensions in case of monocrystals (a =
3.805 A˚ and c = 4.890 A˚ ) and discussed the close connection between
the orthorhombic δ-Ni2Si and hexagonal θ-Ni2Si structure when comparing
the atomic positions over multiple unit cells. The lattice parameters used in
the remainder of this work are taken from JCPDS no. 080-2283, with lattice
parameters a = 3.80500 A˚ and c = 4.8900 A˚ .
Apart from this hexagonal θ-phase, in its thermodynamical stability range at
high temperature, several authors have reported the observation of a hexagonal
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Figure 4.4: Ni-Si binary phase diagram representing some Ni-silicides in
thermodynamical equilibrium as a function of temperature and composition. The
indicated phases are the phases observed upon heating of the Ni(Si)/oxide and
Ni(Si)/Si system. The metastable hexagonal θ phase (under thermodynamical
equilibrium only stable above 825 ◦C) is highlighted.
Ni-silicide at low temperature as well. Almost all studies that suggested the
formation of a hexagonal phase at low temperature, were aimed at obtaining
information on the first-forming phase in the Ni-Si system, and investigated
alternative Ni/Si systems:
• Natan [72] reported on the room-temperature appearance of θ-Ni2Si
phase when trilayer Si/Ni/Si (with a total thickness of 20nm) were
processed by 1 s rapid annealings at 300 ◦C. Transmission Electron Mis-
croscopy (TEM) measurements suggested that initially an amorphous
mix formed, followed by a co-nucleation of θ-Ni2Si + δ-Ni2Si, or a co-
nucleation of θ-Ni2Si + NiSi, depending on the annealing conditions.
• Gibson et al. [76] observed a metastable θ-layer upon annealing (300 ◦C)
of thin Ni (<25 A˚) layers on Si(111). The formation of this metastable
phase was attributed to epitaxial stabilization.
• Von Ka¨nel found suggestions of a hexagonal Ni2Si phase, by electron
diffraction studies performed on Si(111) substrates, onto which 18 A˚
and then 7 A˚ Ni was deposited, each deposition followed by annealing
at 230 ◦C [78]. However, XPS on the same sample strongly suggested
a NiSi-like phase from compositional point of view. Furthermore, they
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found experimental suggestion that disorder was present in the sample.
After re-analysis because of all the apparent inconsistencies, the authors
concluded that they found evidence of a stabilized epitaxial hexagonal
phase, exhibiting a composition that is close to NiSi and an excellent
lattice fit to Si(111). It could either be close to the NiAs structures from
previous literature [17], or could be seen as a hexagonal Ni2Si structure
containing a large number of point defects (such as Ni vacancies or Si
interstitials).
Metastable character - Stability upon cooling As can be seen in the
XRD figures and in the schematic overview in figure 4.3, for samples with a
Si concentration in ranges O4, O5 or O6, the θ phase is observed twice upon
heating: a first time at about 400 ◦C, and a second time at about 880 ◦C until
the end of the measurement (950 ◦C).
Within these composition ranges O4-O5-O6, the low-temperature θ phase
exhibits large differences in thermal stability. From our samples, a composition
of 43 %Si sample results in the widest temperature window (see fig. 4.3). Figure
4.5 shows the in situ XRD as a function of time upon annealing of Ni(43
%Si)/oxide and quenching both the low-temperature and high-temperature θ
hexagonal phases. The first quench is done at 460 ◦C, the second quench at 950
◦C. For both measurements, the two strong typical θ peaks are respectively
indexed as (102) and (110) θ diffraction peaks.
Upon naturally cooling down from 460 ◦C (upper graph), the diffraction peaks
from the θ-phase remain, and the θ-phase is still present at room temperature.
The shift toward lower 2θ diffraction values is related to thermal contraction
of the phase.
Upon cooling from 950 ◦C, the θ-phase is not stable and decomposes into a
combination of peaks that can be attributed to the orthorhombic ǫ-Ni3Si2 and
δ-Ni2Si phases, as can be seen on the lower graph in figure 4.5. The shift toward
higher 2θ diffraction peaks can be attributed to thermal contraction of the
lattice. A similar decomposition of the high-temperature θ-phase was observed
for all samples that exhibited this hexagonal phase at high temperature. The
high-temperature hexagonal phase shows good agreement with the θ-phase
from the binary phase diagram: prior to its formation at about 850◦C, Ni3Si2
and NiSi are observed, and the θ-phase seems to result from conversion of the
orthorhombic Ni3Si2 phase. Upon cooling, the high-temperature θ-Ni-silicide
decomposes into orthorhombic silicides.
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Figure 4.5: In situ X-Ray Diffraction plot versus time when heating 50 nm
Ni(43%Si)/oxide at 3 ◦C/s and quenching the θ-phase at 460 ◦C (top) and 950
◦C (bottom). Both measurements start at 100 ◦C, and end at room temperature.
Cooling occurs naturally and fast. Upon cooling, the transient low-temperature
θ-phase remains stable, while the high-temperature θ (110) and (102) peaks are
replaced by peaks belonging to orthorhombic phases, indicating decomposition of
the (metastable) hexagonal phase.
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This observation emphasizes the intrinsically metastable character of the
hexagonal Ni-silicide phase. It also shows that there is an experimental way
to achieve a stabilized hexagonal phase that can be maintained at room
temperature. The reason therefore relates to the temperature from which it is
quenched. Even if the low-temperature phase is meta-stable, in order to allow
decomposition of the meta-stable phase into stable stoichiometric compounds
(whether it is upon heating or cooling), some diffusion is needed for local
rearrangement and phase separation. In the specific case here f.i., the transient
θ-Ni-silicide phase exhibits a composition of 43 atomic %Si1 that is situated
in between two stoichiometric Ni-silicide compounds.
Upon heating, as we see from the measurement, a temperature of 600 ◦C is
required to allow decomposition into the expected stable compounds. It is then
no wonder that, upon naturally cooling from 460 ◦C, the thermal budget is
not sufficient to allow for stable phase separation, resulting in the ability to
quench the transient θ-silicide to room temperature.
4.2.3 First phase: Matching EHF model and experiments
The prediction of the first-forming phase upon silicidation of planar metal/Si
systems is a very complex problem in which many aspects of kinetics and
thermodynamics are involved. Many years of research did not provide us with
a clear way to predict this first phase. However, it is generally accepted that the
first crystalline phase usually grows after the formation of a thin amorphous
layer at the interface.
Pretorius et al. [8] formulated a model that allows for a quantitative attempt
at predicting the first phase nucleating in an environment with a given effective
concentration (chapter 1). The model was based on thermodynamic data
such as the heat of formation ∆H0. The model assumes a homogeneous
concentration of the amorphous interface layer. The effective concentration
of this amorphous layer generally does not match to an exact compound
composition. Any deviation of the exact compound composition proportionally
decreases the energy released when the compound is formed i.e. for every
compound ∆H0 can be redefined into a concentration-dependent heat of
formation ∆H
′
, named the Effective Heat of Formation (EHF). This results in
a typical EHF diagram, as is illustrated for the Ni-Si system in figure 4.6. The
1We come back later on the issue of the remarkably high Si composition of this transient
θ-phase.
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Table 4.2: Top: Experimentally derived initial Ni-Si concentration ranges causing
different phase sequences. Bottom: First nucleating phase as predicted by the EHF
model (fig. 4.6) and as experimentally observed in the mixed Ni(Si) layer.
Range O1 O2 O3 O4 O5 O6 O7
%Si [0-18] [21-29] [31] [35-38] [39-41] [43-47] [49]
EHF / Ni31Si12 δ-Ni2Si δ-Ni2Si δ-Ni2Si δ-Ni2Si NiSi
Exp. / Ni31Si12 δ-Ni2Si δ-Ni2Si θ θ NiSi
+θ +θ
diagram presents the EHF for the silicides versus the effective concentration
of the amorphous layer (at the growth interface). The (congruent) phase
that has the most favorable EHF at that specific concentration is the one
expected to form first. The ‘excess’ of atoms not used for initial stoichiometric
crystallization are assumed to remain available for formation of following
phases; non-congruent phases are not supposed to form readily, due to their
typically high nucleation barrier.
In this work, thick amorphous layers of uniform composition are considered.
Therefore, concentration gradients are eliminated. Local diffusion is only
needed for local atomic reorganization. First-phase formation is thus expected
to be dominated by crystallization. The extended thickness of the mixed
Ni(Si) layer (compared to the -in reality- ultra thin interface layer with a
thickness in the order range of nm) allows for a good detection of the phases
nucleating in the Ni(Si) mixed layer. We considered 22 such Ni-Si intermixed
layers with different concentration. This systematic variation allows for an
experimental check of the validity of the thermodynamical EHF model for
the initial nucleation of phases within amorphous layers with a particular
composition (see chapter 1).
Table 4.2 lists the first phase as is expected according to the EHF model,
and the first phase as we observed experimentally. In range O1 for low Si
concentrations, no clear silicide peaks were observed. Note that according to
the phase diagram Si is indeed soluble in Ni to some extent.
Ranges O2 and O3, in which respectively Ni31Si12 and δ-Ni2Si are readily
nucleated, correspond well with the ranges in which these phases are calculated
to have the most favorable EHF (see table 4.2 and fig. 4.6). In these ranges,
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Figure 4.6: Top: Ni-Si phase diagram onto which the observed Ni-silicides are
indicated. Bottom: Effective Heat of Formation ∆H ’ for Ni-silicides as a function of
effective composition [7]. Dashed lines correspond to non-congruent phases that have
difficulties to nucleate. The two arrows indicate the minimum and maximum critical
concentration at which we experimentally observe a hexagonal phase to nucleate
readily within the Ni-Si mixed layer. The gray boxes indicate the composition ranges
from table 4.2.
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the temperature of the initial nucleation of a certain phase on oxide shows a
tendency to decrease near the stoichiometric composition of this phase. This
is clearly seen on a visual representation (figure 4.7) of the crystallization
temperatures listed in table 4.1. The closer to the stoichiometric composition
1. the more negative the heat of formation ∆H
′
associated with the
nucleation of the compound, and
2. the less local atomic rearrangement needed to form an initial stoichio-
metric nucleus.
Both effects can account for the decreasing nucleation temperature. However,
around the Ni3Si2 composition, the crystallization temperature evolves to
higher values nearby the exact composition, indicative of a difficult nucleation
in this composition.
Actually, overall, in composition ranges O4-O5-O6-O7, the first crystallization
reaction strongly deviates from what is thermodynamically predicted by the
EHF-model.
1. First, in all composition ranges, a hexagonal Ni-rich silicide is observed.
This is remarkable, as the only thermodynamically stable hexagonal Ni-
silicide in bulk samples is the θ-Ni-silicide phase, only expected to exist
at higher temperature (>825◦C) (see phase diagram in figure 4.4). In
ranges O5-O6 (39 to 47 %Si), the hexagonal phase nucleates within the
Ni(Si) mix and is the only phase that nucleates, in a composition range
that exceeds the θ-phase composition from the phase diagram.
2. Second, in ranges O4 and O7, the initial crystallization does not result
in a single phase, but in a coexistence of two separate phases, of which
one phase is again this hexagonal θ-Ni-silicide phase. If the composition
of the amorphous mixture is not exactly that of an expected compound
in the phase diagram, one would expect coexistence of two phases at
equilibrium.
4.2.4 Extended θ-Nickel-silicide composition
The high-temperature θ-phase from the binary diagram covers a composition
range between 33%-40%. From our measurements however, we notice the
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Figure 4.7: Graphical representation of the initial silicidation temperature as a
function of the Si percentage in the Ni(Si) layer on oxide. Crystallization temperatures
are given in table 4.1. The stoichiometric Ni-Si compounds are indicated on the graph.
initial formation of the hexagonal phase in ranges O5-O6 (38 to 47 %Si), which
clearly exceeds the maximum composition of the high-temperature θ-silicide.
In range O5, the θ-phase actually does not fully nucleate out of the
amorphous mixture (figure 4.8). In the composition range between 33%Si
and 40%Si, the hexagonal phase seems to nucleate most easily towards the
Ni2Si composition, whereas it has difficulties to nucleate when approaching
the Ni3Si2 composition.
However, whereas O5 is still more or less within the phase diagram’s θ
composition range, range O6 (extending up to 47 at.% Si) clearly exceeds
the maximum high temperature θ-silicide’s Si composition of 40%. While the
range of composition appears extended, we can speculate that in range O6 it
would still be possible for the hexagonal phase to nucleate at its maximum Si
composition at high temperature (40%) and have some Ni from the amorphous
mix diffusing into the growing grains resulting in a θ-phase that is surrounded
by an amorphous mix that is much richer in Si. Depending on diffusion
coefficient and overall composition, the amorphous mix could later nucleate
into a crystalline compound that is richer in Si (almost simultaneously with
the θ-phase or at higher temperatures).
We believe however that this is not the case and that all available atoms
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Figure 4.8: XRD contour plots of the phase formation of Ni(Si) layers on oxide with
composition in range O5. The measurements show that nucleation of the hexagonal
phase around the Ni0.60-Si0.40 composition is difficult.
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in O6 are used to fully form a single hexagonal phase. We base this idea
on the XRD measurements. On in situ XRD, the two characteristic strong
diffraction peaks observed from this phase both show a systematic shift with
composition (see fig. 4.10), which implies a continuous shift in d-spacing, which
in its turn suggests a monotonic change in composition. This is in agreement
with a previous study performed by Ellner et al. [79], who determined that
the a and c lattice parameters of the Ni rich hexagonal phase decrease with
increasing Si composition. This lead the authors to the conclusion that the
Ni-rich θ-phase should be considered as the stoichiometric θ-Ni2Si phase, in
which vacancies are systematically incorporated on Ni sites to cover the broad
composition range. The average Ni-Si composition of the phase should then be
considered over multiple cells. The results of these lattice parameters, as they
are calculated by Ellner, are summarized in table 4.4. Figure 4.9 shows the
comparison of the fully filled hexagonal Ni2In-type structure, together with
the hexagonal NiAs-type structure (i.e. a partially filled Ni2In structure). The
composition of the transient θ-Ni-Silicide covers a broad composition variety
in between these two extrema.
One can argue that, at low temperature, stress in the films could still play a role
in the gradually changing lattice distance. The observed peak shift would then
be indirectly related to the composition of the θ-phase. In order to identify
the character of this θ-Ni-silicide peak shift in figure 4.10-a, we perform a
similar analysis on the hexagonal θ-peaks, observed at high temperature. At
high temperatures, the atomic mobility is supposed to be very high, as atomic
mobility depends exponentially on temperature. Stresses are then typically
supposed to be relaxed, which should allow to distinguish between either a
composition related shift or a stress related shift.
The high-temperature hexagonal phase is observed as single phase in com-
position range [38-41 %Si]. Figure 4.11 shows the high temperature θ
diffraction peaks at 910 ◦C in range O5 2. A similar relationship between
θ-silicide composition and diffraction peaks is indeed noticed; for a θ-silicide
composition varying between 62%Ni-38%Si and 59%Ni-41%Si, the (110) and
(102) diffraction peaks shift over 0.5 ◦ to higher values (i.e. to smaller lattice
d-spacings).
Hence, we suggest that, both at high and low temperature, the observed θ
2For direct comparison, the best result would be achieved if the low-temperature
hexagonal phase and high temperature hexagonal phase would exhibit the same composition.
The different composition range should however not have a strong influence on the concept
that we investigate.
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Figure 4.9: Comparison of hexagonal Ni2In structure, and hexagonal NiAs-type
structure.
diffraction peak shift as a function of composition, directly relates to a gradual
incorporation of vacancies and different Ni to Si ratio of this θ-phase, which
implies that at low temperature in composition range O6, all available atoms
participate in the formation of the hexagonal phase.
Lattice parameters It is possible to calculate the low-temperature θ-
phase’s lattice parameters a and c out of the observed (110) and (102)
diffraction peaks. In case of a hexagonal phase the relation between interplanar
spacing d(hkl) and the lattice parameters a and c is given by
dhkl =
[
4
3a2
(
h2 + hk + k2
)
+
l2
c2
]− 1
2
(4.1)
The d-spacings, calculated from the diffraction peaks, are given in table 4.3
and graphically represented in figure 4.12. The results of this calculation of
a and c are given in table 4.3. We notice a clear trend in lattice parameters
with composition. In agreement with previous results obtained by Ellner et al.
[79], the a and c lattice parameters decrease with increasing Si content. The
results obtained by Ellner et al. are given in table 4.4 for comparison. Note
that the given lattice parameters are derived at 410 ◦C and are therefore only
indicative.
From these considerations, it seems indeed that this transient θ-phase covers
a composition up to 47 %Si (i.e. almost to NiSi, that is known to have
a hexagonal variant with an NiAs structure). This composition exceeds
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Table 4.3: Calculation of the transient hexagonal phases’s lattice parameters as a
function of composition. The parameters are taken from the diffraction peaks at high
temperature and therefore only indicative.
phase d110(A˚) d102(A˚) a (A˚) c (A˚)
Ni0.57Si0.43 1.94191 1.965 3.8838 4.84226
Ni0.56Si0.44 1.93853 1.957 3.87706 4.81676
Ni0.55Si0.45 1.9383 1.953 3.8766 4.80217
Ni0.54Si0.46 1.93609 1.9496 3.872 4.79245
Ni0.53Si0.47 1.93563 1.9496 3.87124 4.79293
Table 4.4: Hexagonal Ni-silicide lattice parameters as a function of composition,
derived after quenching of bulk atomic compositions [79]
phase a (A˚) c (A˚)
Ni0.625Si0.375 3.836 4.948
Ni0.62Si0.38 3.831 4.938
Ni0.61Si0.39 3.826 4.923
Ni0.605Si0.395 3.821 4.916
Ni0.60Si0.40 3.820 4.906
Ni0.595Si0.405 3.813 4.889
Ni0.58Si0.42 3.808 4.877
Ni0.57Si0.43 3.802 4.863
4.2 Ni-Si mixed layers on oxide 109
51 52 53 54 55 56 57 58 59 60
-phase
(110)
 
 
IN
TE
N
SI
TY
 (a
.u
.)
2THETA (°)
410°C
 43at.% Si
 44at.% Si
 45at.% Si
 46at.% Si
 47at.% Si
-phase
(102)O6
51 52 53 54 55 56 57 58 59 60
(NiSi)(NiSi)
-phase
(102)
-phase
(110) 910°C
 43at.% Si
 44at.% Si
 45at.% Si
 46at.% Si
 47at.% Si  
 
IN
TE
N
SI
TY
 (a
.u
.)
2THETA (°)
O6
Figure 4.10: Isothermal XRD spectrum measured at 410 ◦C (transient θ) and at 910
◦C (high-temperature θ from the phase diagram) during annealing of Ni(Si)/oxide
samples with composition in range O6. Increasing the atomic percentage of Si induces
a peak shift to higher 2θ, for the transient θ-phase. The high-temperature θ-phase
in this range however shows a shift toward lower 2θ. For the high-temperature
measurements, NiSi peaks are also detected when the amount of added Si increases.
This co-existence with NiSi can explain why the diffraction peaks of the θ-Ni-silicide
shift toward lower values with increasing Si composition, as the equilibrium ratio of
the NiSi phase and θ-Ni-silicide differs per Ni-Si composition.
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range O4/O5. Increasing the at.%Si induces a peak shift to higher 2θ, for the transient
hexagonal phase.
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Figure 4.12: Plot of lattice d-spacing, corresponding with the observed diffraction
peaks from figure 4.10-a. A linear fit was done as a guide to the eye.
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the maximum θ composition at high temperature (40 %Si). In the present
case, under which the samples are continuously heated at 3 ◦C/s, we are
relatively far from thermal equilibrium in contrast with recorded data from
the binary phase diagram, showing the expected phases under thermodynamic
equilibrium. The presence of the θ-phase below 825 ◦C is already unexpected,
its composition range could then very well also be extended. It is unclear how
the composition range should vary, but not surprising that it is different from
the composition range in a thermal equilibrium at high temperature.
Comparison of the low-temperature and high-temperature hexagonal phases’
observed characteristics (i.e. formation temperature, composition range, whe-
ther or not coexistence with other phases, whether or not stable upon cooling)
suggest that the high-temperature hexagonal phase that we observe is indeed
the θ-phase from the phase diagram. The low-temperature hexagonal phase
is at least structurally closely related to this phase, but covers a wider Ni-Si
composition range (up to 47 %Si). From the appearance of similar diffraction
peaks, the crystal structure of the low-temperature phase is assumed to
be similar to the crystal structure of the high-temperature θ-phase. The
extended Si composition range of the structure is then related to the ability to
incorporate vacancies on the Ni sites. This extension in composition is most
likely related to the ability for the structure to withstand more vacancies at
low temperature in a non-equilibrium situation.
Because of the differences in composition, one can argue whether this low-
temperature hexagonal phase should still be referred to as the θ-silicide (found
in the phase diagram). Because of the similarity in structure, we still refer to
this phase as θ-phase. However, we do avoid the terminology θ-Ni2Si from
JCPDS, as this refers to a stoichiometric compound. In what follows, the
temperature context systematically allows to distinguish whether the consid-
ered phase is the low-temperature or high-temperature hexagonal θ-phase.
Consequently this allows to distinguish between the potential composition
range.
Direct effect of composition on the θ-phase diffraction conditions
As mentioned before, in the composition range where we observed the
crystallization of a fully hexagonal phase out of the Ni(Si) mix on oxide, the
hexagonal phase shows a systematic shift of the 2θ diffraction peaks (i.e. a
systematic variation in lattice spacings). This is interpreted as an indication
that this low-temperature hexagonal phase has a high ability to systematically
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adapt its structure to the available Ni-Si atoms in the environment where the
phase nucleates, by the incorporation of point defects in the structure.
When this transient hexagonal phase co-nucleates with a line phase (f.i.
in range O4 with δ-Ni2Si, in range O7 with NiSi, in both ranges at low
temperature), the effect of the systematic composition on the θ diffraction
peaks is not so obvious. As a main problem, the peaks that are likely caused
by diffraction at a hexagonal Ni-silicide are weak, and hard to distinguish
from the orthorhombic δ-Ni2Si peaks; the (102) θ-Ni-silicide diffraction peak
(d(102)=1.90250 A˚ ) actually is almost fully hidden in the δ-Ni2Si (002) peak.
Superlattice peaks For every sample in which θ initially crystallizes at
low temperature (see figure 4.2), the two characteristic strong (102) and (110)
diffraction peaks (at about 55◦ and 56.5 ◦, depending on the composition) are
systematically accompanied by two weak diffraction peaks (at about 27 ◦ and
28.5 ◦) that are not expected from the standard JCPDS database (see table
4.5). The position and combination of these weak peaks are similar to a peak
combination reported upon silicidation of Ni/poly-Si stacks by Kittl et al. [74].
The phase to which these peaks correspond, remained unidentified in earlier
work, as none of the Ni-rich silicides should show diffraction at these small 2θ
angles.
According to our data, these peaks result from diffraction from the transient
hexagonal phase, as it is the only phase observed in that temperature
window. Such additional weak low-2θ diffraction peaks are typically a sign
of superlattice diffraction. In particular, we already found suggestions that
the hexagonal phase has a high ability to incorporate vacancies, as we noticed
a systematic dependency of the θ phase diffraction peak positions on the exact
atomic Ni-Si composition.
Now, beside a systematic peak shift, the systematic introduction of vacancies
can also induce extra diffraction conditions compared to the fully filled
structure (i.e. θ-Ni2Si). In order for these extra peaks to appear, it is necessary
that the vacancies introduced in the lattice are ordered, over a distance
covering multiple unit cells.
In the particular case here, for the 46 %Si measurement (fig. 4.2), we calculate
the corresponding plane d spacings out of these unexpected 2θ diffraction
peaks at 27 ◦ and 28.5 ◦. These diffraction peaks correspond to lattice spacings
d=3.85 A˚ and d=3.65 A˚ .
4.2 Ni-Si mixed layers on oxide 113
Table 4.5: Expected θ-Ni2Si diffraction conditions (JCPDS 080-2283 - calculated)
d-spacing hkl 2θ 2θ intensity
CuKα radiation synchrotron radiation
(A˚) (λ=1.54 A˚) (λ=1.797 A˚) (a.u.)
3.29523 100 27.037 31.646 53
2.73267 101 32.746 38.392 182
2.44500 002 36.728 43.121 32
1.96353 102 46.196 54.464 999
1.90250 110 47.768 56.364 911
1.64761 200 55.748 66.095 4
1.56137 201 59.122 70.263 19
1.50149 112 63.637 73.512 31
1.46103 103 68.634 75.901 14
For comparison, we calculated the lattice spacings from the characteristic (102)
and (110) diffraction peaks as d(102)=1.96 A˚ and d(110)=1.90 A˚. The additional
peak’s d-values are about twice the main peaks’ d-values, which indeed suggests
that vacancy ordering leads to a superlattice structure. Based on pole figures,
this hexagonal superlattice structure was worked out by Gaudet [65] and Coia
[11]. They confirmed that theoretically, with systematic vacancy ordering, the
appearance of superlattice diffraction peaks can indeed be expected up to a
47 %Si composition (figure 4.13).
4.2.5 Extended θ-phase composition: first-phase consequences
Θ-silicide crystallization temperature - concentration dependency
The low-temperature θ-phase covers a broad composition range, theoretically
starting from θ-Ni66.6Si33.3, to about θ-Ni53Si47 according to our experimental
data. Within this broad range where the θ-Ni-silicide initially nucleates from
the amorphous mixture, we notice a clear difference in nucleation temperature,
depending on the composition of the amorphous layer (see f.i. figure 4.3, figure
4.7 and table 4.1).
For clarity, we focus on the composition range in which the θ-phase fully
nucleates as a single phase. We believe that in O6, the nucleating θ-phase
incorporates all available Ni and Si atoms. Hence, the observed difference in
formation temperature should not be related to a local rearrangement needed
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Figure 4.13: Calculated diffraction at θ-Ni2Si supercells, with 2x2x2 unit cells, with
vacancies arbitrarily ordered on the inner Ni sublattice to obtain the compositions
of (a) Ni3Si2 and (b) Ni63Si47 (λ=0.1797 nm). Both compositions show superlattice
diffraction peaks (worked out by Gaudet et al.(taken from [65, 11])
to locally form an initial nucleus of a particular (fixed) composition, and the
correlation between θ-phase nucleation temperature and layer composition is
mainly related to the driving force for θ-NixSiy-phase
3 formation. The trend in
nucleation temperature suggests a correlation between the composition of the
θ-NixSiy phase, and the corresponding (thermodynamical) nucleation barrier
to overcome (see fig. 4.14). The thermodynamical barrier associated with the
reaction of Nix-Siy into θ-NixSiy can be written as
∆G∗ ∝ (∆σ)3/(∆G)2 (4.2)
∝ (∆σ)3/(∆H − T∆S)2 (4.3)
The introduction of an elevated number of vacancies into an ordered fully
filled θ-Ni2Si structure (see graph 4.15) likely implies an entropy change in
the system. As ∆S appears in ∆G, and as ∆G appears in a squared way in
the activation energy barrier (eq. 4.3), even a small change in ∆G can have
serious consequences for the height of the nucleation barrier ∆G∗ and therefore
have an impact on the nucleation temperature.
3Here, and further in this work, when the hexagonal phase is referred to as θ-NixSiy, it
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Figure 4.14: The suggested dependency of θ-NixSiy nucleation barrier on atomic
composition, graphically presented for y equal to 40 at.% and 43 at.
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Figure 4.15: The relative number of Ni vacancies that are to be introduced in the
θ-Ni2Si structure to achieve a particular θ-NixSiy composition (with y representing
the atomic percentage of Si in the phase)
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Nucleation and co-nucleation in an amorphous layer with uniform
composition
The experimentally observed crystallization of a hexagonal phase in compo-
sition ranges O5-O6 can be used as an experimental extension of the EHF
Ni-silicide schematic (fig. 4.6). The minimum (38%) and maximum (47%)
composition at which θ-NixSiy initially nucleates (energetically favored above
respectively δ-Ni2Si and NiSi according to the schematic) have been marked
on the diagram. These extrema correspond to the compositions at which the
non-congruent ǫ-Ni3Si2 would theoretically be expected to nucleate according
to thermodynamics. We remind that at the lowest 38% limit, we do not exactly
notice nucleation of a full θ-phase incorporating all available species.
When holding to the reasoning postulated by the EHF model, on figure 4.6,
one could extrapolate the values indicated by the arrow gradually to pure Ni
and Si as a function of concentration. Note that this extension should only
deal with the extension below 38%Si and above 47%Si; in between these two
ranges, no actual conclusions can be drawn on ∆H ′, as was explained above.
One can wonder why this intermixed system initially provides low-temperature
formation of a high-temperature phase. The exact driving force for this
reaction is likely a complex problem in which many aspects are to be
considered. The fact that the θ-phase actually is experimentally observed
to crystallize from the amorphous intermixed layer, implies that reaction
4.4 necessarily corresponds with a negative change in free energy ∆G. By
definition, a metastable phase however does not correspond to the absolute
lowest energetic state in that specific atomic composition (representation in
figure 4.16). The reason for the appearance of this phase (preferred above
the stable orthorhombic compounds) should likely be found in other but
purely thermodynamical reasons. As an illustrative example, we consider two
potential reaction paths for Ni(45%Si) :
Ni(45%Si)
1
→ Ni3Si2 +NiSi (4.4)
2
→ θ −Ni0.55Si0.45 (4.5)
For every compound, the critical energy barrier to be overtaken in order for
nucleation to occur, consists both of a thermodynamical part and a kinetic
is implicitly assumed that x and y represent the respective atomic percentages of Ni and Si
in the hexagonal phase (i.e. x+ y=100)
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Figure 4.16: Representation of the energetic states of three Ni0.60-Si40 phases
part. In the considered case, as intermixing has synthetically been established,
the composition is homogeneous throughout the film. To see which phase would
win the competition in an amorphous layer with a given composition, the
critical energy barrier should be compared for all compounds.
Due to the broad potential θ-composition, the need for local rearrangement for
its formation can be minimal, thus reducing the relevance of the kinetic barrier
on the overall energy barrier for reaction path 1. The formation of θ-Ni-silicide
can then become energetically favored over the combination stoichiometric
phases situated around the layer composition range (path 2), for which
diffusion is required. This should especially be the case when the composition
of the amorphous layer deviates sufficiently from any stoichiometric stable
compound. Note, as mentioned above, that the thermodynamical nucleation
barrier is likely more complex than considered in the general nucleation theory,
as it should (beside the change in free energy ∆H) f.i. also take into account
an energy change associated with vacancy introduction etc.
This wide potential θ-phase composition range can explain the simultaneous
nucleation of a hexagonal+orthorhombic phase in composition ranges O4 and
O7 as well. When a stoichiometric compound forms out of an amorphous
mix, some of the atoms must be expelled from the growing nuclei in order
to keep the composition of the nucleated phase. As the grains grow within
the amorphous mix, the concentration of excess atoms necessarily increases at
the boundary between crystalline and amorphous material. When this latter
composition reaches that of a neighboring phase from the phase diagram, it
may then be allowed to nucleate. Generally, this further formation occurs when
temperatures are high enough to allow for atomic diffusion on larger scales
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for forming another stoichiometric compound. In the current case, the most
favorable phase to nucleate may simply be again the transient θ-phase, because
of its wide composition range. In O4 (35 to 37 at.%Si), the crystallization of
this hexagonal phase then occurs after δ-Ni2Si has formed. Considering the δ-
Ni2Si stoichiometry at 33.3 % Si, and the 38% Si composition for the θ-phase,
this O4 range would simply be a two phase region where the two forming
phases have composition on each side of that of the deposited mixture. The
same reasoning can be applied in O7 to explain the simultaneous appearance
of NiSi and θ, with the hexagonal θ-phase now forming at about its maximum
Si concentration (47 at.% Si), together with the standard NiSi phase.
To end, we reconsider the original purpose of this investigated Ni(Si)/oxide
system i.e. the prediction of the first phase growing in an amorphous layer
in a metal/Si bilayer system. According to the EHF theory, in the Ni(Si)
system, either δ-Ni2Si or NiSi could be the first phase to form at the liquidus
minimum composition Ni53%-Si47%, showing an almost identical EHF within
the expected range of uncertainties on the thermodynamical data (see table
1.1).
Our experimental observation in the surrounding composition ranges clearly
adds the hexagonal phase to the list of potential first-nucleating phases at the
concentration of this liquidus minimum. High temperatures (about 400◦C)
are however required to fully nucleate this hexagonal phase, even from an
equivalent stoichiometric atomic mixture. This suggests a relatively difficult
nucleation of this phase in this composition range.
Remark: Co-nucleation in an amorphous layer with composition
gradient So far, we consider first-phase formation in thick layers with
uniform composition. In reality, the amorphous layer that forms at the
metal/Si interface, may show a strong composition gradient, ranging from
metal-rich at the metal interface, to Si-rich at the Si surface. A general analysis
of nucleation within a composition gradient has already been considered in
reference [80]. It was shown that above a critical concentration gradient, phase
nucleation is impossible.
Both thermodynamics and kinetics can influence first phase formation. From
purely thermodynamic point of view, phases with a lower nucleation barrier
should be favored. For instance, the formation of δ-Ni2Si from its elementary
components corresponds to a relatively high release of energy (see table
1.1) and can therefore easily nucleate in a thin lateral layer with a specific
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concentration. However, due to the inhomogeneous composition of the layer,
systematic further growth of this nucleus can only proceed immediately in
lateral directions. In non-lateral directions, some diffusion will be required to
allow further phase growth of a line phase.
For formation of the θ-phase however, the broad composition range might
somehow cover the concentration gradient of the amorphous layer. If the
temperature is sufficient, the θ-phase can readily nucleate. Once nucleated,
further growth of the phase may precede fast in all directions, as long as the
composition fits within a certain range. This could favor (broad) θ-Ni-silicide
formation above stoichiometric line phases.
Unfortunately, an exact analysis is difficult:
1. as we noticed, the θ-phase nucleation temperature shows a strong de-
pendency on the exact atomic composition available. Exact composition
dependent thermodynamic data are missing.
2. in the real M/Si interface layer situation, in case that a (crystalline) Si
substrate is available, the possibility of achieving favorable low-energetic
interfaces ∆σ will definitely influence the mechanism by which nucleating
phases are selected as well.
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4.3 Ni-Si mixed layers on Si(100)
4.3.1 Phase formation - experimental results
The phase formation of the 22 concentrations of as deposited Ni(Si) mixtures
was also studied on Si(100) substrates. The driving force to go from an
amorphous to a crystalline compound is high, and we can first expect a
crystallization of the intermixed layer, that can be similar to the crystallization
reaction on oxide. However, contrary to the Ni(Si) mixture on oxide, when the
films are deposited on Si(100), the Si supply becomes infinite. Upon continued
heating, after the formation of a first phase, one expects a sequence of phases
in which the Si composition is increasing. Since the initial Si/Ni ratio in this set
of deposited Ni(Si) films does not exceed 50 at.%, all films should eventually
go through the low resistivity NiSi phase upon heating, finally followed by
NiSi2, the Ni-silicide in equilibrium with Si.
Figures 4.17 and 4.17 illustrate the phase formation of 7 differently composed
Ni(Si)/Si samples. The in situ XRD measurements cover two different angular
ranges (left and right). For the sample with a low amount (<18 %Si) of mixed
Si (R1), the observed phase formation is identical to the standard case of a
pure Ni film on Si. However, when adding over 21 at.%Si, a clearly different
behavior is observed, particularly at low temperature. Table 4.1 shows again
the initially formed phase and the temperature of initial crystallization for all
investigated samples.
As for the case on SiO2 substrates, the phase sequence systematically evolves
with increased Si concentration and the observed phase formation behaviors
can be divided into 7 groups. The schematic overview of the 19 samples
showing sequential silicide formation (≥ 21%Si), is presented in figure 4.19.
We distinguish the following 7 phase sequences:
• S1. Ni(0-18%Si) → metal-rich phases → NiSi → NiSi2
• S2. Ni(21-29%Si) → Ni31Si12 → δ-Ni2Si → NiSi → NiSi2
• S3. Ni(31%Si) → δ-Ni2Si → NiSi → NiSi2
• S4. Ni(35-37%Si) → δ-Ni2Si (+ θ-phase) → NiSi → NiSi2
• S5. Ni(38-43%Si) → θ → NiSi → NiSi2
• S6. Ni(44-47%Si) → θ → NiSi + Ni3Si2 → NiSi → NiSi2
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Figure 4.17: In situ XRD plots [25 ◦-39 ◦] and [48 ◦-52 ◦] of the silicidation at 3
◦C/s of 50 nm Ni(Si)/Si(100), with respectively 18 %, 26 %, 31 % and 35 % (at.) Si
mixed within the as deposited Ni film. The label X corresponds to an unidentified
phase, similar to the unidentified phase reported in the ‘pure’ Ni/Si(100) system [18],
in later work identified as θ-Ni2Si [65].
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Figure 4.18: In situ XRD plots [25 ◦-39 ◦] and [48 ◦-52 ◦] of the silicidation at 3
◦C/s of 50 nm Ni(Si)/Si(100), with respectively 43 %, 46 % and 49 % (at.) Si added
to the as deposited Ni film.
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Figure 4.19: Schematic of the phase formation upon heating at 3 ◦C/s of 20 samples
with different at.% Si in the Ni(Si)/Si(100) system. The schematic was deducted from
systematic in situ XRD data in 2θ ranges [25 ◦-39 ◦] and [48 ◦-52 ◦]
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Figure 4.20: Schematic of the phase formation toward more Si-rich phases upon
heating of the Ni(Si)/Si(100) system. For first-phase formation, below the diagonal,
Si is to be consumed. The S ranges are given in table 4.1. Non-line phases are indicated
by gray boxes.
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• S7. Ni(49%Si) → NiSi + θ → NiSi → NiSi2
Figure 4.20 presents a schematic overview of the observed phase sequences.
It can clearly be seen that the observed silicide growth is sequential with the
successive phases increasing in Si content as expected.
4.3.2 Initial phase formation
In general, the initially formed phase on Si(100) shows good agreement with
the first phase on SiO2 (see table 4.1 and figure 4.21). The temperatures at
which crystallization occurs, also show good agreement when comparing both
substrates (see figure 4.21). Small differences in silicidation temperatures on
either oxide and Si(100) are noticed in composition range [18-23 %] (a subrange
of S2 and S3), and in range S5.
4.3.3 The low-temperature hexagonal phase
Identification of a transient epitaxial θ-phase on Si(100)
In the previous section, in the overall phase sequence overview, we commu-
nicated on the appearance of the metastable hexagonal θ-phase at the initial
stage of phase formation in the Ni(Si)/Si(100) system, when between 38 and
47 %Si (S5-S6) was added. However, when looking in detail to the phase
formation in range S5 (figure 4.18), the in situ XRD measurement is rather
intriguing. In both measured 2θ windows, between 380 ◦C and 480 ◦C, no
clear diffraction peaks are distinguished. The absence of clear diffraction peaks
in this in situ geometry, implies that other complementary characterization
techniques were required to identify the hexagonal character of the silicide
phase in this temperature window. For identification, a quench was made in
this temperature window for the Ni(40 %Si) sample.
Ex situ XRD A standard θ/2θ XRD measurement was performed, covering
a 2θ window between 20-80 ◦. No diffraction peaks were observed in this
geometry (measurement not shown). This points into the direction of a phase
that is either completely amorphous, or extremely textured.
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Figure 4.21: Graphical representation of the initial silicidation temperature as a
function of the Si percentage in the Ni(Si) layer on oxide and Si(100). Crystallization
temperatures are given in table 4.1. The stoichiometric Ni-Si compounds are indicated
on the graph.
Electron BackScatter Diffraction Figure 4.22 shows an EBSD measure-
ment performed on this quench. EBSD allows to obtain information on the
crystal structure of the surface layer of a silicide [81]. A diffraction pattern was
clearly observed, indicating the presence of a crystalline phase. The best fit
to the observed Kikuchi pattern is achieved by fitting the hexagonal θ-Ni2Si
phase. When fitting to other silicide phases, the fits exhibit either missing
bands, or bands that are not observed [82].
An EBSD orientation map was measured as well (figure 4.23). The pattern
reveals the presence of 4 orientations of the hexagonal phase, related to one
another through substrate symmetry, indicating a strong epitaxial alignment
of this phase. The measurement also shows a remarkably large average grain
size of the hexagonal phase, ranging up to the magnitude of microns (for a
film thickness of about 80 nm).
XRD Pole figures Pole figures were measured, with the settings (d-
spacing) chosen so as to identify the presence of the θ-Ni2Si phase. Under these
conditions, the pole figures clearly showed diffraction spots, which confirmed
the presence of an epitaxial hexagonal phase. For more information on these
pole figures, we refer to the results described in reference [82].
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Figure 4.22: EBSD-pattern (A) and best fit using θ-nickel-silicide (B), δ-Ni2Si (C),
ǫ-Ni3Si2 (D), Ni31Si12 (E), NiSi (F) Missing bands are indicated in white, non-existing
ones in black. Fits (C) to (F) exhibit either missing bands or bands that can not be
explained (taken from reference [82]).
Figure 4.23: EBSD measurement on a sample, formed by annealing and quenching
Ni(40%Si)/Si(100) at 420◦C. (Left) Euler-coloring orientation map showing 4
symmetrically equivalent orientations of the θ-phase and (right) Top visualisation
of the grain boundaries.
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Transmission Electron Microscopy Finally, a TEM cross section image
(fig. 4.24) shows that the film consists of a single layer of a single phase, with
a thickness of 84nm. The (hexagonal) θ-silicide exhibits a strongly faceted
growth, indicated by the triangular zones into the Si substrate.
Together, all these measurements provide complementary information on the
character of the initially formed transient phase, when heating a 50 nm
Ni(40%Si) film on Si(100). At low temperature, we observe the formation of
a hexagonal nickel-silicide, with a peculiar microstructure, consisting of large,
epi-oriented grains.
In range S6, the θ-phase could directly be identified by its diffraction peaks,
which showed good correspondence with the JCPDS data from θ-Ni2Si (table
4.5). In addition to the peaks from the JCPDS database, we observe again the
weak super lattice diffraction peaks at 27 ◦ and 28.5 ◦. The high number of
observed diffraction peaks indicates that the phase does not grow textured, as
was observed in range S5.
The low-temperature hexagonal phase has the ability to align epitaxially on
Si(100). The preferential alignment of the θ-Ni-silicide is however restricted to
a favorable Ni(Si) composition range of 38 to 43%Si (S5). It is then only in
this composition range that nucleation occurs preferentially at the interface.
Outside of this composition range, nucleation is more random and may occur
throughout the film. This originates either (or both) from the necessity of
Ni diffusion on a larger scale (mainly in S4 and S7 where θ conucleates with
either δ-Ni2Si or NiSi), or simply from a change of lattice dimensions as the
composition is increased.
Indeed, in the experiments on SiO2, we already observed that the θ-phase
lattice parameters systematically decrease when less Ni atoms are incorporated
within the low-temperature θ-silicide composition range. As a result, it is then
not a surprise that the crystallizing low-temperature hexagonal phase would
match the periodicity of the Si lattice only in a portion of its composition
range.
Remark: diffraction peaks of the textured θ-Ni-silicide on Si(100)
We mentioned that in case of textured growth of the θ-phase out of Ni(40%Si)
on Si(100), no (or only very faint) diffraction peaks are observed. Whereas the
θ-Ni-silicide’s textured formation holds throughout range S5, the total absence
of θ diffraction peaks in the θ-phase window does not not.
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Figure 4.24: TEM image of the textured θ-phase, resulting from annealing
Ni(40%Si)/Si(100) at 3 ◦C/S until 420 ◦C. The interface is very facetted, showing
triangular zones that reach over a depth of more than 20 nm into the Si(100) substrate
(Image by A. Domenicucci - IBM)
Figure 4.25 shows an overview of five samples in range S5 (38-43%Si),
exhibiting the same phase sequence:
Ni(Si)→ textured θ−Ni− silicide→ NiSi→ NiSi2
with increasing initial Si composition, the typically expected hexagonal peaks
at about 54 ◦ and 56 ◦ are hardly observed. In the 41 % composition, however,
a single strong peak at about 58 ◦ is observed. According to JCPDS, this
diffraction peak is theoretically unexpected for the θ-Ni2Si.
In general, the exact θ diffraction conditions show a very strict dependency
on the amount of Si initially added. When comparing with the sample with
40 %Si, the peak could eventually originate from the (110) diffraction peak at
56 ◦. Several reasons, whether or not simultaneously at play, can be thought
of that could account for a systematic shift of this diffraction peak:
• In case of a pure crystallization controlled reaction of the mixture, a lower
relative incorporation of Ni in the θ-phase implies a direct decrease in its
lattice parameter, and a direct increase of the diffraction peak to higher
2θ.
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Figure 4.25: XRD contour plots of the phase formation of Ni(Si) layers on Si(100)
with composition in range S5. All formed hexagonal phases are strongly epitaxially
aligned. However, the diffraction conditions of this phase strongly depend on the exact
atomic Ni/Si ratio in the mixture. The arrows indicate an unidentifiable diffraction
condition.
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• Furthermore, the TEM image shows a triangular growth into the Si
substrate, which implies that Si is consumed upon the textured θ-phase
formation. The idea of Si consumption is confirmed by RBS and XPS.
A higher amount of Si reduces the relative amount of Ni in the θ-
phase, compared to the as deposited mix. This corrobarates the previous
argument.
• the textured growth can induce film stresses, which can account for
straining of the expected lattice spacings. In this case, extremely high
tensile stresses would be required to cause a peak shift to higher 2θ4.
We see further on that the formation of this textured θ-phase indeed
associates with a development of tensile stress.
Overall, the diffraction conditions of this transient hexagonal phase are quite
complicated. In case of non-textured growth, the apparently easy incorporation
of vacancies leads to the appearance of superlattice diffraction peaks at low
diffraction angle. As no other of the standard Ni-silicides shows diffraction
conditions at this d-spacing, this turns out to be helpful in identifying the
presence of this transient hexagonal phase. However, in case of strongly
textured growth, the transient θ-phase does not show any diffraction peaks
in the in situ geometry that we used. Altogether, clearly identifying the
transient hexagonal phase by means of XRD techniques and the standard
JCPDS database is not obvious, in view of the high variety of diffraction
conditions that are observed. Other characterization techniques should then
be used to clearly identify its presence.
Metastable phase: stabilization
The observation of a (epitaxial) hexagonal θ-Ni-silicide at low temperature
in range S5 is rather intriguing. According to the Ni-Si phase diagram, the θ-
phase should no appear at temperatures lower than 825◦C, whereas we observe
4According to the definition of the Poisson ratio ν given in chapter 1, a tensile straining
(caused by a tensile stress) in the lateral dimension will cause an opposite straining in
the perpendicular dimension. In this perpendicular direction, atoms are then forced toward
one another and lattice plane spacings d can be expected to be somehow smaller. The
perpendicular dimension is the dimension over which the X-ray Diffraction data are gathered.
As lattice spacings are strained to smaller values compared to the equilibrium distance,
this will result in a diffraction peak shift toward higher diffraction angles compared to the
equilibrium value from JCPDS.
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this phase transiently at about 400 ◦C 5.
The occurrence of metastable silicides has been observed before. Von Ka¨nel et
al. reported the appearance of metastable cubic CoSi [85] and tetragonal FeSi
[86] on Si(111). Epitaxial growth was found to account for the stabilization
of these metastable phases. Indeed, above a critical film thickness ( 20 A˚),
the stability of the phases could not be maintained. The appearance of these
metastable phases was therefore directly related to their ability to grow
epitaxially on a Si single crystal.
In our case, the metastable θ-phase on Si(100) exhibits a strong epitaxial
alignment. However, the formation of this intrinsically metastable phase at
low temperature is not directly related to its ability to grow epitaxially. To
illustrate this, we report on the effect of film thickness and type of substrate
on the formation of the θ-phase.
Effect of thickness Heating the 50 nm Ni(40%Si) sample resulted in the
transient appearance of a 84 nm epitaxial hexagonal film (see figure 4.24).
The thickness of this epitaxial θ film is large compared to the typical critical
thickness for epitaxial stabilization (order of nm). It is unlikely that epitaxial
stabilization would be the main reason for the appearance of this 84nm θ-Ni-
silicide.
Figure 4.26 shows the phase formation of Ni(Si) mixed layers deposited on
Si(100), for which the deposited Ni layer corresponds to a thickness of 100
nm and 400 nm in case that no Si would be co-sputtered. The overall phase
sequence is independent of the initial film thickness. The θ-phase appears at
about 370 ◦C, disappearing again at about 480 ◦C. Both θ-silicides exhibit a
thickness in the order of several 100 nm, far above the realistic critical thickness
for epitaxial phase stabilization.
Influence of the substrate on the hexagonal phase formation Figure
4.27 compares the θ-phase formation on different substrates. The colored
windows indicate the appearance and disappearance of different silicides. The
measurements provide information on the effect of the crystallinity of the
substrate on the initial nucleation, and on the stability of the phases in contact
with Si.
5According to the texture measurements in the previous section, it is possible to quench
and maintain θ/Si(100) to room temperature
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Figure 4.26: In situ XRD plots of 100 nm Ni(41%Si)/Si(100) and 400 nm
Ni(41%Si)/Si(100)
We focus on the transient appearance of the θ-phase. On all substrates, we
notice the initial formation of this phase. This strengthens the idea that the
initial formation of the θ-phase is likely governed by a crystallization of the
mixture, as the driving force to go from an amorphous into a crystalline
compound is likely high. We notice a clear difference in the overall temperature
window over which θ is observed. Both the initial and end temperature of this
window are affected, by the type of substrate.
1. Correlation θ-silicide nucleation temperature and texture When
looking at the temperature of initial nucleation, we notice a clear difference
depending on the substrate. Nucleation on Si(100) and Si(111) is clearly
advanced compared to the nucleation on oxide and poly-Si (figure 4.27).
The observed change in initial formation temperature can be explained
through the classical nucleation theory, stating that the nucleation barrier
∆G∗ depends on ∆G and ∆σ as ∝ (∆σ)3/(∆G)2.
∆G represents the energy change (gain) associated with the formation of the
phase from the elementary Ni and Si components, and should be independent
of the considered substrate. ∆σ represents the energy change (cost) associated
with the creation of a nucleus from the elementary Ni and Si components, and
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Figure 4.27: In situ XRD plots for the reaction of Ni(40%Si) films on oxide, poly-Si, p-
type Si(100) and Si(111). The dashed lines indicate the appearance and disappearance
of different silicides.
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relates directly to the interface at which the nucleation occurs.
If the crystal structure that is nucleated matches the periodicity of the Si
lattice, the interfacial energy (which partially contributes to ∆σ) is reduced,
reducing the nucleation barrier of that phase. This reduction in interface
energy is normally restricted to a defined crystal orientation which leads to
very textured films (i.e. with a very good atomic match at the interface).
From the observation, the advanced θ-phase formation indeed scales with the
degree of epitaxial behavior. On oxide and poly-Si, no long-scale substrate
crystallinity is available that can cause the phase to grow strongly textured. On
Si(100), we already mentioned and identified a strongly epitaxial alignment.
On Si(111), the epitaxial θ-silicide alignment is even more pronounced, and
was already reported by several authors [76, 78, 82]. The strong epitaxial
alignment is attributed to an excellent fit of the θ-phase’s basal plane and
the atomic distance in the Si(111) substrate (0.9% difference from the θ-Ni2Si
lattice, as illustrated in figure 4.29).
2. Correlation θ-Ni-silicide layer stability and texture The tempe-
rature at which the θ-phase diffraction peaks disappear, shows a correlation
with the degree in epitaxy. The stronger the epitaxial alignment, broader the
temperature window in which the θ-Ni-silicide is observed. The oxide sample
indicates the spontaneous decomposition of the θ-phase upon heating, which is
indicative of its meta-stable character. The easy degradation of the θ-phase on
poly-Si is then likely a combination of this spontaneous degradation, combined
with a further phase formation due to the contact with Si.
Grain size
As figure 4.23 shows, the grain size of the transient textured θ-phase is very
large, with grains in the order of microns. The grain size is about ten the
layer thickness. This is again a sign that the formation of this epitaxial θ-
phase is mostly governed by crystallization. As the composition is supposed
equivalent over the full amorphous mixed film, as soon as nucleation sets in by
the formation of a nucleus of the critical size, further growth of this nucleus can
then proceed very fast, as all compositing atoms are readily locally available,
and only little local arrangement is needed to fit into the composition of the
crystallizing nucleus. Grains are then likely very big, as growth in the lateral
directions will proceed fast until the nuclei impinge on one another.
136 CONTENTS
Figure 4.28: In situ XRD plots for the reaction of Ni(41 %Si) films deposited on SiO2
and Si(100) during ramp anneals (3 ◦C/s). The arrows indicate the initial appearance
of hexagonal diffraction peaks.
Figure 4.29: (Left) Si unit cell (Right) θ-Ni2Si primitive cell: black atoms represent
Si, white, striped and gray atoms represent Ni (with respectively 1/2, 1/4 and 1/1
contribution to the atom number in the primitive cell)
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Activation energy
A Kissinger method can be used to study the kinetics of a solid-state reaction.
When a thermally activated process can be monitored with an in situ technique
during a ramp anneal, one can calculate an apparent activation energy for this
process. The original Kissinger method was derived for a diffusion controlled
phase transition process [83, 84]. The thermally activated process was found
to obey the following relationship:
ln
(
1
T 2p
dT
dt
)
= −
Ea
kTp
− ln
(
x2pEa
kK0
)
(4.6)
in which T represents temperature, t time, and Tp the temperature at which the
transition process occurs6, Ea the apparent activation energy, xp the silicide
thickness at temperature Tp, k the Boltzmann constant and K a process-
related constant. The apparent activation energy Ea can then be derived from
the slope of the straight line that is found when varying the heating rate
dT/dt and plotting ln (1/T 2p (dT/dt)) versus 1/kTp. The silicide thickness is not
necessarily needed for the calculation of Ea, and the principle in equation 4.6
can be extended toward calculation of the Ea for thermally activated processes
in general.
We want to obtain the apparent activation energy Ea,1 for the transition
of the Ni(40%Si) on Si(100) → θ-phase, and the activation energy Ea,2 for
6This temperature is typically taken as the temperature at which the maximum rate of
change occurs in the studied transition. Depending on the in situ technique that is used, this
latter can be the maximum rate of resistance change, the maximum increase in diffraction
peak intensity...
Table 4.6: Temperatures corresponding to highest rate of peak intensity change. Tp,θ
is the temperature at which the as deposited Ni(Si) peak decreases fastest. Tp,NiSi is
the temperature at which the NiSi(210) peak increases fastest.
dT/dt Tp,θ Tp,NiSi
(◦C/s) ◦C ◦C
0.3 343 427
1 349 452
3 363 482
9 373 533
27 393 577
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Figure 4.30: In situ XRD during ramped annealing of 100nm Ni(41%Si)/Si(100) at
the indicated ramp rates.
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the transition of θ-phase → NiSi. In situ XRD measurements (4.30) were
performed at 0.3, 1, 3, 9 and 27 ◦C/s. As process temperature Tp, we use the
temperature at which the intensity of the diffraction peaks shows the highest
rate of change. For instance, for NiSi formation, in every measurement the
temperature at which the derivative of the (210) peak intensity showed a
maximum was taken as the reference temperature for NiSi formation.
The experimentally observed transition process temperatures are listed in table
4.6 and graphically presented in figure 4.31.
Two activation energies are determined: the formation of the epitaxial θ-phase
is characterized by an apparent activation energy of 2.96 ± 0.81 eV. The
formation of the epitaxial NiSi out of the epitaxial θ-phase, is characterized
by an activation energy of 1.50 ± 0.33eV. The relatively high activation energy
for θ formation (compared to typical Ni-silicide activation energies) suggests
a low fraction of critical nuclei where nucleation will effectively take place.
Together with the expected high thermodynamic driving force to crystallize an
amorphous mixture and the local homogeneous composition (and an expected
high growth rate once nucleation has set in), this can account for the large
grain size, as was shown in figure 4.23.
The formation of NiSi out of θ is characterized by an activation energy of
about 1.50 eV, which does not strongly differ from previous derived activation
energies for NiSi growth. Clevenger et al.[87] found an activation energy of 1.4
eV in Ni-amorphous Si layers. The NiSi activation energy in case of a standard
diffusion-controlled NiSi formation out of 10 nm Ni/SOI was found to be 1.74
± 0.27 eV as determined by Deduytsche et al. [88].
Si consumption
XPS depth profiling was done to study the distribution of Ni and Si in the
textured θ-Ni-silicide layer. Figure 4.32 shows an XPS measurement performed
on a textured θ-phase, formed from heating 50 nm Ni(40%Si)/Si(100) at 3
◦C/s to 420 ◦C, followed by rapid quenching. XPS provides a depth profile of
the atomic composition. The initial as-deposited Ni(Si) mix contained 40 %Si
(confirmed by RBS measurement). Although the Ni-to-Si atomic composition
is not very uniform along the depth of the sample, on average, the Si amount
lies somehow higher than the as deposited 40% content.
Additionally, an RBS measurement was also performed on a similar sample
as the one on which the XPS measurement was performed. This RBS
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Figure 4.31: (Right) Kissinger analysis for determination of the apparent activation
energyEa of θNi-silicide formation and NiSi formation, for the 100 nm(40%Si)/Si(100)
sample. The data points are listed in the table and derived from the diffraction
intensity observed in 2θ range [51 ◦-53 ◦] (Left)
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Figure 4.32: (Left) XPS measurement on the transient hexagonal phase, grown from
heating 50 nm Ni(40%Si)/Si(100) (at 3 ◦C/s) to 420 ◦C and naturally quenching to
room temperature. The composition indicates an almost 50-50 Ni-Si ratio in the θ
film. (Right) RBS measurement of the as deposited Ni(40%Si) film on SiO2 and the
resulting hexagonal phase on Si(100). A fit shows that the hexagonal film contains
more Si (45 ±2% Si) than the as deposited film, showing that some Si from the
substrate is consumed upon formation of the hexagonal phase on Si(100) (RBS by A.
Kellock, IBM - XPS by J. Musschoot, UGent)
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measurement is shown in figure 4.32. The measurement gives an indication of
the content of the hexagonal θ-NixSiy phase (45 ±2%) on Si(100), compared
to the as deposited Ni(40 %Si±2) mix on oxide. Upon fitting, one finds that
Si is indeed consumed during formation of the θ-phase.
As a conclusion, although the results are somehow different depending on the
exact Si content in the hexagonal phase, the results clearly indicate that some
Si is consumed from the substrate during the formation of the textured low-
temperature transient hexagonal phase.
Resistivity
Figure 4.33 shows an in situ Rsh measurement during formation and cooling of
the epitaxial hexagonal θ-phase. A 50 nm Ni(40%Si)/SOI sample was heated
at 3 ◦C/s to 450 ◦C and (naturally) cooled down again to room temperature.
The evolution of Rsh can be clearly related to the phase evolution. The sudden
Rsh drop at about 380
◦C corresponds to the formation of the θ-phase. The
θ-phase appears to have a low sheet resistance.
The behavior upon naturally cooling in the considered temperature range (i.e.
quenching) provides additional information on the thermal properties of this
hexagonal phase. Upon cooling, Rsh decreases, which evidences a metallic
behavior.
The sheet resistance of the 20 nm hexagonal phase layer at room temperature
was also measured using a home-made four point probe. During the measure-
ment, a current of 10 mA was injected into the layer through the outer two
probes. The voltage V across the two inner probes is measured. The sheet
resistance can then be determined through:
Rsh =
π
ln2
V
10mA
=
ρ
d
(4.7)
with d the thickness of the film and ρ the specific resistivity. We use eq. 4.7
to determine the specific resistivity ρ of the transient (40 %Si) θ-phase. TEM
measurements allowed us to determine the thickness of the transient θ-phase
as 88 nm. This implies a specific resistivity of the θ-silicide of about 37 µΩcm,
as compared to 15-20 µΩcm for CoSi2, and 15 µΩcm for NiSi.
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Figure 4.33: In situ Rsh measurement upon formation and cooling down of epitaxial
θ-Ni-silicide, out of 50 nmNi(40%Si) on SOI.
Stress during θ-Ni-silicide formation
Transient stress development The measurement in figure 4.34 reveals a
remarkable stress evolution. The exact composition of the as deposited layer
strongly correlates with the stress evolution. In range S5, for all measurements,
the stress upon θ-formation shows a tensile evolution of about 60 N/m. This
strong tensile trend upon θ-phase formation is quite unique, as in most cases
of silicidation, compressive stresses are observed [32].
The exact stress evolution is hard to analyze quantitatively. In general, the film
stress evolution is related to many features that are all at play simultaneously:
1. irreversible film volume changes due to grain growth, film thickening,
phase formation...
2. thermal expansion mismatch between film and substrate, and
3. relaxation mechanisms
The initial tensile trend (zone B in fig. 4.34) should not be such a surprise, as
we expect the first reaction to be a crystallization reaction.
The formation of NiSi from the textured θ-phase leads to a compressive
stress trend (C), indicating a general volume expansion of the film. After the
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Figure 4.34: Comparison of the in situ phase formation, stress and sheet
resistance, observed upon heating of Ni(41%Si) on a 250 µm Si(100) substrate.
The different features distinghuished in the stress evolution can be related to
phase formation.
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Figure 4.35: Stress evolution upon heating (3 ◦C/s) to 700 ◦C and cooling
(1 ◦C/s) of a Ni(40%Si)/Si(100) sample. The second cycle shows the stress
behavior upon thermally cycling the pre-annealed sample. The initial straight
line is purely thermoelastic behavior due to differences in thermal expansion
in film/substrate. The loop at high temperature is stress relaxation. As in zone
D (see fig 4.34) the original stress curve approaches the thermal stress curve
from this figure, the observed feature in zone D likely corresponds to stress
relaxation.
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first sharp decrease of the forces that is related to the formation of NiSi, a
continuous slow systematic decrease of the forces is observed (D). According
to the XRD measurement, no phase formation is involved in zone D. Indeed,
figure 4.35 compares the transient stress evolution upon annealing, with the
stress cycle measured upon reheating of the same sample. This stress behavior
in temperature window D is considered as relaxation of the elastic stress.
A quantitative explanation of the appearance of this high tensile stress requires
full knowledge of the hexagonal phase formation mechanism. The θ-phase
consists partially of a reaction at the interface (whereby Si is consumed, as
the phase grows in a faceted way. into the substrate), but also partially of a
crystallization reaction (as an amorphous mixture of Ni and Si is available in a
concentration that is close to the composition at which a hexagonal Ni-silicide-
phase is known to exist). The tensile stress is probably mainly governed by
the crystallization (a densification) of the amorphous mixture. Note that the
faceted growth itself can contribute as well to the stress build-up.
Residual stress in θ-Ni-silicide The transient stress measurements reveal
a different stress in the θ-phase layer at the moment of formation. This
difference can be thought to have a high impact on the residual stress that is
observed when the θ-phase is quenched.
We perform a thermal stress measurement on both the textured and untex-
tured θ-phase. The samples consisted of an initial Ni(Si) layer containing
respectively 41 %Si and 46 %Si, deposited on 250 µm p-Si(100).
Figure 4.36 shows an in situ stress measurement during naturally7 cooling of
the θ-phase. The slope of the thermal stress curve upon cooling provides us
with information on the thermal expansion of the hexagonal phase. In chapter
3 we already showed that the slope of the thermal stress curve depends on
• the difference in thermal expansion between film and substrate
• the texture of the considered phase, especially if this phase shows a
strongly anisotropic thermal behavior (cfr. NiSi)
The difference in residual stress at room temperature mainly results from the
stress at the moment of formation in the sample, that already appears to
7Controlled cooling as performed in the chapter on Pt addition, provided enough energy
to the θ/Si(100) system to initiate NiSi formation during cooling.
4.3 Ni-Si mixed layers on Si(100) 147
50 100 150 200 250 300 350 400 450 500
-50
0
50
100
150
200
250
300
350
400
450
Randomly oriented 46%
41%
 
 
Fo
rc
e/
W
id
th
 (N
/m
)
Temperature (°C)
Strongly Textured 
Figure 4.36: Difference in thermal stress development in textured and
untextured hexagonal phase. While the slope appears to be quite similar, there
is a significant difference in residual stress at room temperature.
be strongly tensile in case of an epitaxial film. At the moment of quenching,
thermal stress immediately starts building up; leading to a value of about 375
N/m in case of the textured θ-phase.
The main conclusion to draw is that the epitaxially aligned θ-phase on Si(100)
experiences extremely high tensile stresses at room temperature, with a stress
in the order of 4.5 GPa (calculated for a 84 nm film, as was derived from the
TEM measurement).
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4.4 Ex situ measurements: NiSi characteristics
4.4.1 Texture
In figure 4.19, we notice that the path to the low-resistivity NiSi changes with
the initial Ni(Si) film composition. This set is now ideal to study the effect of
the transient phase sequence on the characteristics of the finally formed NiSi
films.
In order to achieve information on preferential NiSi grain orientation, and
check for the eventual presence of other phases, standard θ/2θ ex situ XRD
measurements were performed on all NiSi films. All Ni(Si)/Si(100) films
from table 4.1 were heated at 3 ◦C/s to 700 ◦C, and cooled down to room
temperature. The results are presented in figure 4.37.
For all samples, a high number of diffraction peaks is observed, that
can be labeled as resulting from diffraction at orthorhombic NiSi planes.
Systematically increasing the amount of Si in the as deposited Ni film leads to a
variation in the NiSi diffraction peak intensity ratio. The preferential NiSi grain
orientation can actually be modified by the initial addition of Si. The change
in NiSi grain orientation becomes pronounced from 31 % on, where the (020)
diffraction peak disappears and the (200) diffraction peak appears, reaching
a maximum intensity for the 35 % sample. The NiSi films that formed from
the textured hexagonal phase, clearly exhibits different preferential alignment
compared to the NiSi reference sample (REF): the alignment of the (020) peak
is clearly reduced. Instead, a strong preferential alignment of the (011)/(002)
and (211) lattice planes appears.
Beside the tendency in intensity of the diffraction peaks, the addition of Si
induces another feature as well: from 35 % of additional Si on, an unexpected
additional broad peak systematically appears at about 54.5 ◦, that cannot
be attributed to any NiSi diffraction condition. The character of this peak
suggests diffraction at a very thin layer. The position suggests the presence of
either additional unexpected NiSi diffraction peaks, or diffraction at an extra
phase. The NiSi samples for which we observe this extra peak, all formed from
the hexagonal phase, suggesting a correlation between the prior θ phase, and
the NiSi diffraction peak. It has already been mentioned that the MnP-type
orthorhombic NiSi structure is closely related to a NiAs-type hexagonal NiSi.
Passing through a hexagonal phase could then provide an alternative short
path to the NiAs-type NiSi phase, for which only a local rearrangement could
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Figure 4.37: Ex situ X-Ray Diffraction on the Ni(X%Si) on 250 µm p-type Si(100)
samples, heated to 700 ◦C. The arrows indicate NiSi diffraction planes. Measurements
were performed with standard CuKα radiation. The peak labels indicate NiSi
diffraction planes.
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be sufficient 8. The extra diffraction condition could then be related to the
orthorhombic NiAs-type NiSi. Figure 4.38 compares the diffraction patterns of
the hexagonal and orthorhombic NiSi phase. The hexagonal NiAs-type exhibits
a higher symmetry than the distorted orthorhombic MnP structure. Less
diffraction peaks are expected, with the remaining diffraction peaks located
at similar positions as for the MnP-type. The additional diffraction peak can
therefore not be attributed to diffraction at a hexagonal NiAs phase, and the
origin of the peak is unknown.
Pole figures XRD pole figures were measured to determine the effect of
phase sequence on the orientation of the NiSi grains. Figure 4.39 shows (112)
NiSi pole figures performed on samples from each of the 6 groups (S1 to S6).
Different textures are observed for different amounts of added Si: the 12 %
sample still shows the axiotaxial alignment typical of the pure Ni/Si system
[21]. From 26 % to 37 % a slightly different texture arises in which axiotaxy is
still important. Between 40-43 %Si a strong epitaxial alignment is observed,
identified as (011)NiSi//(001)Si and (100)NiSi//(100)Si. When adding over 44
%Si, the NiSi film becomes randomly oriented.
TEM cross-section Figure 4.40 shows two TEM cross-section images. The
right figure presents a TEM cross-section on the NiSi film, formed from a
hexagonal θ-phase. For comparison, the left figure presents a TEM cross
section on a 110 nm NiSi film, formed from the conventional 50 nm Ni/Si(100)
system.
The NiSi film that is formed from the hexagonal precursor film exhibits
spikes into the Si substrate, which is not observed when forming NiSi from
the standard planar Ni/Si system. As was found before (see figure 4.24), the
textured θ precursor exhibited similar spikes into the substrate. This points
into the direction that some spikes remain upon conversion of the θ precursor
into the NiSi phase, and that the overall amount of Si consumed is probably
low. Indeed, RBS measurements on the θ-phase revealed a composition that
was already close to NiSi. Local rearrangement and a low Si consumption may
then be sufficient to convert the textured θ-Ni-silicide into orthorhombic NiSi.
8This assumption is discussed in more detail in the following chapter.
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Figure 4.38: Calculated pattern for NiSi: the upper figure shows the theoretical
diffraction pattern for the orthorhombic structure (MnP type). The lower figure shows
the 2θ diffraction pattern for the hexagonal structure (NiAs type), for which the lattice
parameters were taken from reference [53]. The diffraction conditions are presented
for CuKα (λ=1.54 A˚ ) radiation.
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Figure 4.39: (112)NiSi Pole figures on NiSi films, formed from quenching 50 nm
Ni(X%Si)/250 µm Si(100) with the indicated Si composition X given next to the pole
figure, heated to 700 ◦C. The pole figures are ordered by the different phase sequence
groups S1 to S6 (ranges given in table 4.1).
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Figure 4.40: TEM images showing a cross-section of a NiSi film, formed from (left)
50 nm Ni/Si(100) (right) 50 nm Ni(40%Si)/Si(100) after being annealed to 700 ◦C
(TEM by A. Domenicucci, IBM)
4.4.2 Residual stress NiSi film
The residual stress in the NiSi films at room temperature can be derived from
in situ measurements, recorded upon heating of preformed films.
In chapter 3, we already mentioned that the residual stress in the NiSi film is
related to:
1. the difference in thermal expansion coefficient ∆α between film and
substrate
2. the texture of the considered NiSi film (due to its strongly anisotropic
character)
3. the critical relaxation temperature, that we referred to as Trelax, at
which the stress starts building up, which is likely related to
• the microstructure and materials involved (i.e. intrinsically), as well
as to
• the cooling rate (i.e. extrinsically)
Figure 4.41 shows an overview of the thermal stress development observed on
all Ni(Si)/Si samples, heated to 700 ◦C, in the temperature window where we
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Figure 4.41: Thermal stress development in 110 nm NiSi films upon heating to 700
◦C at 1 ◦C/s. The samples are ordered according to the phase sequence groups S in
table 4.1. The measurements from the indicated group in the graph are presented
in red. The measurements in dark gray are the curves for the samples with lower Si
content, added for comparison.
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observe NiSi for all samples (figures 4.17 and 4.18). The measurements are
grouped per S composition range. After silicidation reaction (at 3 ◦C/s), the
samples were cooled down in a controlled way at 1 ◦C/s 9. This cooling down
yielded a build-up of thermal stress, leading to a particular residual stress
at room temperature. Upon reheating, the new measurement then evidently
restarts at this residual stress.
Figure 4.41 presents the heating part of the second thermal cycle. In general,
every stress measurement can be divided into two parts: a part at which the
stress shows a linear dependency on temperature, and a part at which the
stress relaxes at high temperature (see chapter 1). From the measurements in
figure 4.41, it seems that a low addition of Si (≤%24 Si) does not significantly
affect the residual NiSi film stress. In composition range S2, a small difference
is only observed in the slope for the samples with the highest concentration
of Si (26 % - 29 %Si) added. This can be caused by the small difference in
texture that was revealed by both pole figures and the XRD measurements.
However, a totally different situation arises when further increasing the amount
of Si in the as-deposited Ni film. For samples with an initial Si composition
of 31 %Si and higher, the residual stress at room temperature in the NiSi
film appears to be significantly higher (about 140 N/m). According to the
figure, this results both from a steeper slope, but more importantly from a
higher relaxation temperature. From 35 % Si, the thermal stress development
behaves very different. The residual stress in the NiSi film almost doubles.
When looking in detail, this seems to be attributed to a shift of the relaxation
point. Upon cooling, the point at which thermal stress starts building up is
higher than the normal NiSi reference. From the measurements as shown, one
should then be careful when deducing direct information on the stress level
in the NiSi film; the most extreme case is observed for the 49 %Si sample,
which shows no clear relaxation at all. The 49 % sample was heated up to
temperatures higher than 700 ◦C to find a temperature at which the stress
typically relaxes. Even heating up to 800 ◦C did not result in a clear stress
relaxation behaviour.
9In chapter 1 we showed that a fast cooling rate yields a higher stress at room temperature.
The cooling down at a controlled rate (1 ◦C/s) was performed to minimize the effect of the
cooling rate on the stress build-up.
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4.5 Relevance of the results for literature
With the newly gathered knowledge on phase formation and texture effects in
the Ni/Si system, it is interesting to reconsider results from literature and try
to reinterpret some of the peculiar features reported in the Ni/Si(100) system.
We summarize the most recognizable observed features related to the presence
of a low-temperature transient θ-Ni-silicide:
• The systematic ordered incorporation of vacancies on Ni sites leads
to the formation of a superlattice θ-Ni-silicide structure, implying
superdiffraction peaks at 27 ◦ and 28.5 ◦ (synchrotron radiation) that are
not expected for any other silicide compound according to the JCPDS
database.
• an epitaxial formation of this θ-phase corresponds to a faceted interface
on Si(100)
• the NiSi phase growing from the hexagonal phase exhibits a remarkable
epitaxial alignment.
4.5.1 Refractory elements addition: NiSi texture agreement
In literature, in order to find a way to improve the NiSi morphological stability,
numerous investigations were done on the effect of alloying elements on NiSi
agglomeration.
Deduytsche et al. performed a detailed in situ XRD and Rsh study on the
addition of the transition metals Ti, Ta, and W [22]. The high efficiency of
these elements in retarding NiSi agglomeration was confirmed. The addition of
significant amounts of these metals (≥10%) strongly simplified the NiSi phase
formation. The typical low-temperature metal-rich zone disappeared; instead,
a large temperature window (covering more than 100 ◦C) appeared in which no
diffraction peaks were observed at all. Due to the absence of clear diffraction
peaks in the temperature window 300-400 ◦C, the authors concluded that in
this temperature window some amorphous mixture may have formed.
The first actual crystalline phase that was observed upon further annealing,
was identified as NiSi, forming at about 400 ◦C. Pole figures on this crystalline
NiSi phase revealed a particular texture (see fig. 4.42). When we compare
these results obtained by Deduytsche with our results (see f.i. the 43%Si
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measurement in figure 4.18, and figure 4.39), we notice a very good agreement
in both the in situ XRD measurement and the final NiSi texture.
Due to this remarkable agreement, we reinvestigated this so-called Ni-W-Si
amorphous intermediate phase to see whether this could be the metastable
hexagonal epitaxial θ-phase, for which an epitaxial alignment can account
for the absence of X-ray diffraction peaks in figure 4.42. A similar 10 nm
Ni(10%W)/SOI sample was quenched in this temperature window and initially
reinvestigated with pole figures. Settings were chosen to target the hexagonal
transient θ-Ni2Si phase [82]. When targeting a well-chosen diffraction condition
(d = 1.96353 A˚), the pole figures indeed clearly revealed diffraction spots,
indicating the presence of an epitaxial crystalline phase, instead of an
amorphous layer. This inspired us to do a systematic reinvestigation of the
phase formation and texture of other ternary elements that were previously
reported to retard NiSi agglomeration. We refer to chapter 5 for more results.
4.5.2 Phase formation in the conventional Ni/Si(100) system
The existence of a low-temperature hexagonal phase is an important additional
observation in the long search for comprehension of the exact Ni silicidation
mechanisms for the conventional Ni/Si system thin film reaction (chapter 1.4).
In particular, in this system, upon annealing one low-temperature transient
metal-rich phase turned out to be very complex to identify, as it exhibited
diffraction at unexpected high lattice d-spacings, diffraction conditions that
apparently do not match any of the conventional Ni-rich silicides. It was
initially identified as either Ni31Si12 [20] or ǫ-Ni3Si2 [20]. In our work so far,
we referred to this phase as X. This X phase was communicated to have a
high nucleation barrier.
On XRD-measurements, the unidentified phase X (see fig. 4.1) exhibits a
diffraction peak at 27 ◦ similar to the superdiffraction conditions of the
transient θ-phase observed here. With the revealing of the existence a low-
temperature meta-stable hexagonal phase in this work, the Ni-rich phase
formation in the Ni/Si(100) bilayer system was reinvestigated by Coia[11] and
Gaudet [65]. A complete revision on the properties (TEM, pole figures) of the
unidentifiable X phase was undertaken. A systematic investigation with pole
figures targeted on the θ-Ni2Si lattice spacings lead to the identification of this
X phase as the low-temperature hexagonal θ-phase, into which vacancies are
incorporated to account for the superdiffraction conditions.
158 CONTENTS
Figure 4.42: Left: In situ XRD plot (3 ◦C/s) for a 10 nm Ni(7at.%W) film on SOI.
Right: (112) NiSi pole figure grown from a similar phase sequence as given on the left.
The indicated percentage shows the volume concentration in the as deposited Ni(10
at.%W) film (taken from Deduytsche et al. [22].)
4.5.3 Θ-phase on poly-Si - Fully-Silicide Gates
In the range where the transient θ-phase was observed to grow non-textured
(S5 on Si(100) and O5-O6 on oxide), we noticed two extra diffraction peaks
at about 27 ◦ and 28.5 ◦. These peaks were related to diffraction at this
unexpected transient θ-phase, as it was the only phase that was observed there.
The extra induced diffraction condition could be attributed to superlattice
diffraction.
The position and combination of these two weak peaks correspond well to a
specific diffraction peak combination reported upon silicidation of Ni/poly-
Si stacks [74]. Kittl et al. performed a systematic study of ratio controlled
Ni/poly-Si systems. In situ XRD measurements were performed on Ni-layers
with different thickness, systematically deposited on 100 nm poly-Si. When the
Si-supply is limited in such system, silicidation may result in formation of Ni-
richer silicides as end phases. The goal of this study was to obtain information
on these end phases, as well as on the prior phase sequence.
Figure 4.43 shows two measurements taken from this study, namely the
minimum and maximum Ni thickness investigated. In both samples (and
also in the investigated samples in between these two composition extrema),
the authors reported on a transient phase that systematically formed almost
immediately upon silicidation. This phase showed diffraction peaks at 27.3 ◦,
28.9 ◦, 31.5 ◦ and 56.1 ◦ (λ = 1.797 A˚), while other peaks could be masked by
other diffraction peaks. The compound was observed in a small temperature
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Figure 4.43: XRD plot (3 ◦C/s) of 30 nm Ni/100 nm poly-Si, and of 170 nm Ni/100
nm poly-Si (data from Kittl et al. [74]). According to our data, we identify the X-
labeled diffraction peaks as θ-Ni-silicide diffraction peaks.
window between 380 and 400 ◦C. The phase to which these peaks corresponds,
remained unidentified, as none of the low-temperature Ni-rich silicides should
show diffraction at these particular low diffraction angles (27.3 ◦ and 28.9 ◦).
The transient phase was therefore referred to as X.
According to our data, these low diffraction angle peaks may in fact result
from superlattice diffraction in a hexagonal phase, as the hexagonal phase was
the only phase in the temperature range where we observed these unexpected
low-angle superlattice diffraction peaks.
4.6 Conclusions
We performed an in situ study on the silicidation reaction in Ni(Si) layers
deposited on SiO2 and (100)p-Si.
The oxide system was used as a system to identify the initial crystallization
reaction in an amorphous Ni(Si) mixture with a given composition.
A systematic variation of the amount of Si (<50 at.%) in the as-deposited Ni
film allows to modify the overall silicide phase sequence in the Ni(Si)/oxide
system, and the first crystallizing phase in particular. On oxide substrates,
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regardless of the Ni to Si composition of the film, non-congruent phases were
not observed to crystallize initially. For lower Si concentrations [21-33%Si], the
nucleation of the first phase can be explained thermodynamically: Ni31Si12 for
[21-28%Si] and δ-Ni2Si for [28-33%Si]. The most remarkable observation is the
initial crystallization of a hexagonal Ni-silicide. Such hexagonal Ni-silicide is
thermodynamically only expected at high temperature (above 800 ◦C), but is
here observed at about 400 ◦C. The hexagonal phase is observed over a broad
composition range [33-49%Si]: this hexagonal phase nucleates readily as single
phase [38-47%Si] as well as together with δ-Ni2Si [33-37%Si] and NiSi [47-49
%Si].
Within the amorphous layer composition range over which θ is observed as first
phase, nucleation seems to be difficult at a composition of Ni3Si2. At higher
composition [43%-47%], nucleation of the hexagonal phase is observed at lower
temperature, with all available Ni and Si atoms participating in the formation
of the hexagonal phase. The broad variation in composition is attributed to
an apparently easy incorporation of vacancies on Ni sites.
In the Ni(Si)/Si(100) system, mixing more than 21 % Si eliminates simulta-
neous Ni-rich phase growth at low temperature. When adding between [38-47
%Si], the first growing phase is again the hexagonal θ-phase with an epitaxial
texture in an optimum range between 38-43 % Si in the mixed layer. Textured
growth accounts for an improved stability of the θ-phase layer. In this same
optimum range, the NiSi phase growing after the hexagonal phase exhibits a
strong epitaxial alignment as well.
Comparison of the θ-phase formation on different substrates leads to the
conclusion that, although the epitaxial interface in Si(100) and Si(111) results
in an enhanced stability of the θ-phase, the appearance of this θ-phase at low
temperature is merely related to a crystallization reaction.
Unluckily, a major limit to the usability of this θ-phase as contacting material
so far, is related to the synthetic way in which we established the formation of
this θ-phase. First, mixing high amounts of Si into a Ni film is incompatible
with the current SALICIDE process. Second, directly related to the way
we established the formation of this metastable θ-phase, is the limited
temperature window over which the phase appears. The θ-phase appears to
be very unstable in contact with Si. This results in a very small temperature
window over which this phase is observed. The only way -so far- to increase
this temperature window and improve the θ-phase stability, can be achieved
by well-choosing the amount of mixed Si into the Ni film. However, in this
4.6 Conclusions 161
case, one has to deal with a strongly faceted interface, which can pose a new
challenge to overcome for technological application.
The observation of this low-temperature hexagonal phase is still of high
relevance from technological point of view. The observation is helpful for
understanding and interpreting the complex phase formation mechanism in
the bilayer Ni/Si system. Furthermore, this transient hexagonal phase relates
to an improved resistance of NiSi to agglomeration caused by addition of
ternary elements. For a deeper investigation on this latter feature, we refer to
chapter 5.
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Chapter 5
Effect of hexagonal silicide on
NiSi morphological stability
Introduction
In micro-electronic applications, the typical required thickness of the NiSi
layer situates at about 15-20 nm. Unluckily, as the required NiSi layer
thins down, the film gets extremely sensitive to agglomeration. A possible
method of preventing agglomeration of NiSi films consists of the addition
of ternary alloying elements into the deposited Ni film. Surprisingly, despite
the large number of investigations on these ternary Ni-metal-Si systems,
the exact mechanism by which the addition of ternary elements delays NiSi
film agglomeration is still not well understood. The presence of foreign
elements may reduce surface and grain boundary diffusion. However, as film
agglomeration is driven by a reduction of surface and interface energies, the
microstructure (i.e. grain size and texture) of the NiSi film is likely also a key
factor in its sensitivity to agglomeration.
In a first part, we investigate the sensitivity to agglomeration of NiSi films,
formed from an alternative binary Ni-Si systems. Si is premixed into a 10 nm
Ni film on Si(100), and the system is isochronally heated in order to form
NiSi. In an analogous 50 nm Ni(Si)/Si(100) system (see chapter 4), we found
evidence that premixing Si into the Ni film strongly affects the microstructure
of the formed NiSi layer. If this concept holds toward thinner NiSi films, all
potential observed features regarding the NiSi agglomeration should directly
be related to the microstructural properties of the NiSi film, as no ternary
elements are involved.
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In a second part of this chapter, we refer back to some results from literature,
in which metallic alloying was shown to improve the morphological stability
of the NiSi layer. We reconsider the Ni/Si silicidation reaction, when foreign
alloying elements are initially added, and focus on the potential presence of a
hexagonal precursor phase.
5.1 Silicidation of 10 nm Ni(Si)/SOI
Three Ni-Si films with different Ni to Si ratio were deposited by co-sputtering
onto an SOI substrate. The amount of Ni was kept constant, so that the Ni
thickness, without the additional co-sputtered Si, would correspond to a 10
nm layer. A 10 nm Ni/SOI reference sample was also prepared for comparison.
The composition of the samples was measured with RBS.
Figure 5.1 shows the in situ XRD measurements of the 10 nm Ni(Si)/SOI
samples upon annealing. Data for a ‘pure’ 10 nm Ni/Si(100) sample are
included for comparison.
When 21% of Si premixed, the Ni(111) peak is visible in as deposited state.
After Ni consumption, the initial phase formation shows good agreement with
the Ni/SOI reference sample: a complex simultaneous growth of Ni-rich phases
is observed at low-temperature, prior to NiSi formation.
When 30 % or 40 % Si pre-mixed, no Ni diffraction peak is observed, indicating
the amorphous character of the as deposited Ni-Si film. The first reaction that
can be expected is a crystallization reaction of the amorphous intermixed layer.
In case of 30 % Si, the first phase to form is orthorhombic δ-Ni2Si, followed by
θ-Ni-silicide (simultaneously) and NiSi at about 370 ◦C. For 40 %Si, the first
forming intermediate phase is the hexagonal θ-Ni-silicide. Pole figures (shown
in figure 5.2) and EBSD (not shown) were required to identify this θ phase. At
higher temperature, the orthorhombic NiSi phase forms out of this hexagonal
phase. Overall, premixing Si into 10 nm Ni allows for a modification of the
phase sequence, in a similar way as observed for 50 nm Ni films in the previous
chapter.
Figure 5.3 shows the in situ sheet resistance (Rsh) evolution, recorded
simultaneously with the X-ray Diffraction data. The reference sample and
the Ni(21 %Si) sample show good agreement. The small Rsh variations at
low temperature relate to Ni-rich phase formation. The low-resistance zone
corresponds to the low-resistivity NiSi compound. At high temperature, the
5.1 Silicidation of 10 nm Ni(Si)/SOI 165
Figure 5.1: In situ XRD plots of 10 nm Ni/SOI, with the indicated percentages of
Si premixed in the Ni film. The initial complex metal-rich phase formation of the
reference sample is modified by the amount of premixed Si.
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Figure 5.2: θ-phase pole figure, observed from a quench at 400 ◦C when heating
a 10 nm Ni(40 %Si) film on Si(001). The observed diffraction spots indicate an
epitaxial growth, with (0-1-11) // Si(100). The observed orientation corresponds to
the orientation observed in a 50 nm(40 %Si)/Si(100) phase [82].
sudden Rsh increase is likely related to agglomeration of the NiSi film. When
30 or 40 %Si pre-mixed, the Rsh curve exhibits a broad temperature window
in which the sheet resistance is constant and low, respectively related to δ-
Ni2Si for the 30 %Si sample, and θ-Ni-silicide for the 40% sample. At high
temperature, for both samples, the sudden Rsh increase, typically related to
agglomeration, shifts to a higher temperature. This indicates an improvement
of the morphological stability of the NiSi layer.
In order to check the degree of agglomeration, figure 5.4 shows topview SEM
images, recorded on the samples shown in figure 5.1, quenched at 750 ◦C.
Agglomeration is fully detected for all samples with an initial Si content lower
than 30%. The remarkable delay of the NiSi agglomeration instability that was
suggested by the in situ Rsh measurements is confirmed by the SEM images.
At a temperature as high as 750 ◦C, no sign of agglomeration is detected when
40% of Si was initially premixed into the Ni layer.
In a second series of experiments, we focussed on the remarkable improvement
of the morphological stability of the NiSi film formed from the epitaxial
hexagonal precursor. A mixed layer containing 40 at.% Si and 60 at.% Ni
was co-sputtered onto HF-cleaned Si-On-Insulator (SOI) with a Si thickness
of 117 nm and (001) orientation. The amount of Ni deposited corresponds to
a 10 nm pure Ni film (9.1·1016 atoms/cm2), into which extra Si was added to
reach the targeted atomic composition. As reference samples, pure 10 nm Ni
layers were also deposited onto SOI.
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Figure 5.3: In situ sheet resistance
measurements of 10 nm Ni/SOI, into
which the indicated percentages of Si
were premixed. The typical Rsh increase
(indicative of agglomeration) shifts to
higher temperature when Si is added.
Figure 5.4: Top SEM images, recorded
on 10 nm Ni(Si)/SOI samples, into which
the indicated percentages of Si were
premixed, after being ramped to 750 ◦C.
Agglomeration is detected for the NiSi
layers with 0, 21 and 30% Si added. The
40%Si sample does not show any proof of
agglomeration.
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Figure 5.5: In situ sheet resistance measurement of 10 nm Ni/SOI and 10 nm Ni
(40at.%Si)/SOI, heated at 3 ◦C/s. The ‘pure’ Ni film exhibits the typical well-known
behavior: at about 350 ◦C, the low-resistivity NiSi phase appears and is stable until
650 ◦C; the following observed sudden Rs increase relates to NiSi agglomeration. The
in situ Rsh of the 10 nm Ni(40%Si)/SOI sample is clearly different. Upon heating, two
different sequential low-resistivity intervals can clearly be distinguished (380-480 ◦C
and 480-800 ◦C). The high-temperature Rsh increase sets in at about 780
◦C, which
is more than 100 ◦C higher than the reference sample.
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Fig. 5.5 shows the in situ sheet resistance recorded upon annealing Ni/SOI
and Ni(40%Si)/SOI in a controlled He atmosphere.
In order to understand the observed Rsh difference at temperatures <500
◦C
(zone 1), the phase sequence during annealing was studied using in situ X-ray
diffraction (XRD) at the National Synchrotron Light Source (NSLS) (fig. 5.6).
The ‘pure’ Ni film shows the well-known behavior upon heating: a variety of Ni
rich phases starts to grow (labeled on figure 5.6 as NixSiy), followed by NiSi at
about 350 ◦C. The Ni(40%Si)/SOI sample exhibits a clearly different behavior.
At 380 ◦C, a single phase is detected prior to NiSi growth. Quenches were
made at 450 and 750 ◦C for further phase identification. At 450 ◦C, Electron
Back Scattering Diffraction (EBSD) could be used to identify a hexagonal
strongly epitaxial θ-Ni-silicide phase with the θ − {011¯1} plane parallel to
the Si(001) surface [82]. According to RBS, the Si content of this phase was
45±5 % Si. The JCPDS database only lists peak positions and d-spacings for
a composition of 33 %Si [95]. The weak peak near 59◦ shows agreement with
an unidentified peak in the 50 nm Ni(Si)/Si(100) system (section 4.3.3). At
480 ◦C the low-resistivity NiSi phase grows out of this θ-Ni-silicide-layer.
In order to understand the Rsh difference at high temperature (zone 2 in
fig.5.5), similar samples were heated at 3 ◦C/s and quenched at 600, 650, 700,
750, 800, 850 and 900 ◦C. Top view images on these samples were recorded
using Scanning Electron Microscopy (SEM), to systematically check for the
degree of agglomeration (see figure 5.7).
The 20 nm NiSi layer formed by the conventional solid-state reaction between
10 nm ‘pure’ Ni and Si, agglomerates from 650 ◦C on. At 700 ◦C, the NiSi
layer is fully agglomerated. For the 20 nm NiSi film formed when 40 % Si
was mixed in the deposited Ni, no agglomeration is detected until 800 ◦C.
At 850 ◦C, isolated zones (< 10µm) of agglomeration have developed. At 900
◦C, the film consists fully of epitaxial NiSi2 in both the agglomerated and
non-agglomerated zones.
After annealing, both NiSi films exhibit an identical composition and thickness.
Therefore, the difference in NiSi stability must be directly related to the
microstructure of the film. Pole figures were measured at the X20A beamline
at the NSLS, and EBSD measurements were performed on an FEI Quanta
200F system using an HKL system, to obtain information about the grain size
and microstructure present in the specimens.
Figure 5.9 shows the NiSi {112} pole figures after annealing the Ni/SOI and
Ni(40%Si)/SOI sample to 600 ◦C. These pole figure measurements clearly
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Figure 5.6: In situ XRD when heating at 3 ◦C/s of (top) 10 nm Ni/SOI and (bottom)
10 nm Ni (40%Si)/SOI
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Figure 5.7: (Top) SEM images of 20 nm NiSi films grown from Ni/SOI, and quenched
at the indicated temperatures. From 650 ◦C on, agglomeration is detected. (Bottom)
SEM images of 20 nm NiSi films grown from Ni(40at.%Si)/SOI and quenched at the
indicated temperatures. Agglomeration is detected from 850 ◦C on, and is restricted
to small zones <10 µm. The arrows enclose an agglomerated zone.
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Figure 5.8: EBSD orientation map on quenches at 450 ◦C and 750 ◦C of 10 nm Ni
mixed with 40 %Si on Si(001): large epitaxial and symmetrically equivalent grains of
the θ-Ni-silicide precursor phase (left), and large epitaxial grains of 2 symmetrically
equivalent NiSi orientations, together with zones of small randomly oriented NiSi
grains indicated in black (right)
indicate a different texture: the NiSi film from pure Ni/Si shows the typical
axiotaxial alignment[21], while the pole figure from the NiSi film from the
Ni(40%Si)/Si system shows very intense spots, corresponding to an epitaxial
texture. With additional pole figures (not shown), this peculiar preferential
grain orientation is identified as (011)NiSi//(001)Si and (100)NiSi//(100)Si. In
addition, a limited fraction of the grains is observed to be oriented differently,
causing NiSi diffraction peaks in the in situ XRD measurement (fig. 5.6).
Overall, the alignment shows good agreement with the NiSi film formed from
the 50 nm Ni(Si) premixed layers discussed in chapter 4.
EBSD measurements can provide additional information on grain size. In thin
NiSi films, formed by solid-state reaction of pure Ni on Si(001), the grain size
is typically a few times the NiSi layer thickness. For very thin films such as our
20 nm NiSi layers, this makes it very difficult to perform EBSD measurements
[81]. In contrast, on the 20 nm NiSi film grown from the Ni(40%Si)/Si system,
EBSD data could easily be obtained and extremely large grains were found
(fig. 5.8), exhibiting the same orientation as indicated by the pole figures.
In conclusion, from the pole figure and EBSD measurements, we find a
significant difference in microstructure when comparing the NiSi grown from a
single layer of Ni on Si(001), with the NiSi film grown from the premixed Ni(Si)
layer on Si(001). The increase in grain size and/or the epitaxial alignment can
explain the observed increase in morphological stability in the latter system.
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Figure 5.9: NiSi {112} pole figures of (left) 20 nm NiSi from Ni/Si(001) (right) 20
nm NiSi from Ni(40at.%Si)/Si(001).
Microstructure of NiSi films
Standard NiSi films formed from heating standard Ni/Si systems exhibit a
particular texture, which is a combination of several alignments, of which
the most pronounced is the axiotaxial preferential orientation. The axiotaxial
alignment is indicated by the typical off-center circular patterns on the pole
figures (figure 5.9). When 40 %Si added, we see that the typical axiotaxial NiSi
orientation has been modified into an almost fully epitaxial alignment. The
fact that this NiSi epitaxial alignment is not observed after heating the Ni/Si
standard system, implies that the growing NiSi phase does not necessarily
adapt to the alignment that corresponds to the lowest interface energy from
absolute point of view, but that the texture selection mechanism seems to be
related to the phase sequence prior to NiSi formation. The texture selection
mechanism appears to depend on the characteristics of the preceeding phase.
Here, we observed a particular epitaxial alignment of the NiSi grains, when
an epitaxially aligned hexagonal phase preceded the formation of the NiSi
phase. The reason for the particular epitaxy can either be caused by a close
connection of the NiSi compound and the θ-silicide precursor phase [17], or by
the fact that in the system, the NiSi did not grow form a δ-Ni2Si precursor.
One may now wonder about the mechanism responsible for the epitaxial
alignment of the NiSi grains. In most cases, an epitaxial orientation is selected
by atomic matching at the film/substrate interface. The NiSi formed after
passing through the θ-phase, has its {011} plane parallel to the substrate.
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Figure 5.10: (Left) θ-Ni2Si primitive cell (Middle) hexagonal NiSi unit cell (Right)
orthorhombic NiSi unit cell. Black atoms represent Si. White, striped and gray atoms
represent Ni (with respectively 1/2, 1/4 and 1/1 contribution to the atom number in
the primitive cell).
Inspection of the atomic position in these planes shows no obvious special
match. Furthermore, if this particular NiSi orientation would imply an
extremely favorable low-energetic interface with the Si(100) substrate, one
could also expect to observe this orientation for NiSi films resulting from
the annealing of the normal pure Ni/Si(001) system, which is not the case.
This implies an influence of the preceding θ phase on the texture selection
mechanism.
d’Heurle et al. have pointed out similarities in the crystal structures of
hexagonal Ni2Si, orthorhombic NiSi and (hypothetical) hexagonal NiSi [78,
17]. Figure 5.10 compares alternative primitive cells (with Si at corner
positions) of these three phases. The similarities in the crystal structures
suggest that nucleation of NiSi out of θ-Ni-silicide only requires a relatively
minor rearrangement of the Si atoms, in combination with an outdiffusion of
Ni. Two different formation mechanisms of the reaction θ-NixSiy → NiSi can
be thought of:
• At first sight, this could imply that the Si sublattice can remain more or
less stationary during the transformation of hexagonal θ-phase into NiSi,
thus providing a direct mechanism for texture inheritance. On a Si(111)
substrate, the hexagonal θ phase was observed to have its basal plane
parallel to Si(111) [82]. Further heating of this θ/Si(111) structure results
in an epitaxial MnP-type NiSi film whereby the epitaxial orientation of
NiSi can indeed be related to the orientation of the precursor θ-phase.
Unluckily here, comparison of the observed θ-phase and NiSi epitaxial
alignment on Si(001) shows that such a simple inheritance is not the
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case on Si(001).
• Given the similarity in structure between θ-Ni2Si and NiSi, one should
also consider the possibility of matching atomic positions at the θ-
phase/NiSi interface. Unfortunately, due to the sparse lattice information
available (as a function of composition, as well as of temperature) for
the θ-Ni-silicide composition range, it is difficult to quantitatively asses
matching atoms between θ-Ni-silicide and NiSi.
At this point it is not yet clear in which way the texture of the θ-phase
and the particular texture of δ-NiSi are correlated.
Conclusion
From our measurement, we found a way to improve the NiSi morphological
stability without adding ternary elements. By pre-mixing 40%Si in the Ni film,
two key conclusions can be drawn:
• The phase sequence prior to NiSi formation influences the microstructure
of the resulting NiSi layer. In particular, both the NiSi grain size and
preferential aligment can be affected.
• The NiSi microstructure in its turn affects the sensitivity of the
morphological stability of the film.
5.2 Improvement of NiSi agglomeration by metallic
alloying
5.2.1 Literature
In literature from the last decades, numerous reports can be found on the
efficiency of alloying elements in retarding NiSi agglomeration. We refer to
publications on the addition of Zr[91], Ta[89], Ti as alloy [22, 90] or interlayer
[101], Pt[99], Mo , W[22]... et cetera.
Two mechanisms are believed to be responsible for the improvement of the
morphological stability, caused by the addition of ternary elements:
• Kinetic aspects should be considered. In order to agglomerate, the NiSi
grains should be able to change shape. Hence, mass transport, governed
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by atomic diffusion, is required. The presence of metallic elements can
slow down the mass transport, and therefore delay NiSi agglomeration
• Thermodynamics provide the driving force for agglomeration. As agglo-
meration is driven by a minimization of surface and interface energies,
the texture of the phase could be a key factor determining the sensitivity
to agglomeration.
Most papers focused on direct effects of the presence of the ternary elements
in the NiSi compound. For instance, the immiscibility of the ternary elements
in NiSi implies that the ternary elements are mainly located at the grain
boundaries, which can lead to a decrease in surface and grain boundary
mobility. Hence, the improved agglomeration behavior sensitivity is often
attributed to kinetic factors. Another example of the tendency in literature to
focus on kinetics (rather than on texture), was given by Bouville et al. [99].
The authors proposed a theoretical model to explain the stabilizing effect of
Pt on NiSi agglomeration. The authors considered the effect of introducing
a slow-diffusing (Pt) species on grain-boundary grooving in a polycrystalline
NiSi film. Such vision directly implies that the authors do not take into account
a potential effect of a low-energy interface alignment on NiSi stabilization.
A fraction of this set of papers [20, 22, 70, 101] considers the effect of ternary
elements on the Ni-silidation phase sequence, and on NiSi microstructure,
in an attempt to find the mechanism responsible for the improved NiSi
morphological stability.
A systematic investigation was done by Lavoie et al. [20], who investigated the
influence of 24 different metals on the Ni-Si system using in situ techniques.
Several groups of elements could be derived exhibiting a similar behavior.
This has lead to a classification of the alloying elements into three different
groups, depending on their effect on the morphological and thermodynamical
stability of the NiSi layer. The groups nicely correlated to the miscibility of
the ternary elements, in either the NiSi phase, or in the NiSi2 phase. Mo, W,
and Re were found as most effective in retarding NiSi agglomeration, without
evidently sacrificing the NiSi layer’s phase stability. The addition of Ta was also
found to increase the morphological stability, but to a lesser extent. The phase
formation of these elements was also investigated by means of in situ XRD.
For some elements, in between the Ni and NiSi phase, a wide temperature
window was observed in which no diffraction peaks were detected in the [48-
62 ◦] diffraction angle range. It was believed that this could be attributed to a
176 CONTENTS
solid-state amorphization reaction (SSAR). The appearance of the amorphous
intermediate layer was attributed to a lowering of the system’s free energy
through a SSAR during reactive diffusion, caused by the low mobility of the
additional ternary element, thus retarding silicide crystallization.
Deduytsche et al. focused on the addition small amounts of Ta, Ti andW. They
found that initial addition of these elements in well-chosen concentration could
improve the layer’s sensitivity to agglomeration [22].
5.2.2 Experiments: Effect of alloying on phase formation
We observed that premixing 10 at.%W and 40 at.%Si induces similar features
in the formation, microstructure and morpholigical stability of the resulting
NiSi film. Beside a lowered sensitivity to NiSi agglomeration, both systems
allow intermediate low-temperature formation of an epitaxial θ-phase, and
exhibit a similar epitaxial aligment of the NiSi grains.
Based on these results, we reconsidered the addition of 12 elements (Ti,
Ta, W, Mo, Re, Fe, Co, Ru, Ir, Rh, Pt, Pd) alloyed in a thin Ni film,
deposited on SOI. For all considered metals, the ternary addition of a volume
percent between 0 and 25 at.% was already systematically investigated by
Deduytsche [45]. Upon annealing at 3 ◦C/s, for all samples, the phase
formation was systematically monitored with in situ XRD. Simultaneously,
the sheet resistance Rsh evolution was recorded as well.
We especially reconsider first-phase formation. Among the investigated ele-
ments, we distinguished between two main classifications:
• ternary elements that, when added in a specific atomic concentration
to the Ni film, exhibit a similar phase sequence as induced when about
40%Si is pre-mixed into the Ni film: after Ni consumption, a temperature
window without any clear diffraction peaks is observed, followed by the
formation of crystalline NiSi (Ta, W, Ti, Mo, Re). The sheet resistance
is presented in figure 5.11.
• the other ternary elements, for which the atomic compositions in the Ni
film seem to lead to a more complex phase formation sequence prior to
NiSi growth.
We limit ourselves to an investigation of the first category of ternary elements.
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Figure 5.11: In situ Rsheet measurement of 10 nm Ni, alloyed with 10 volume %
of the indicated element. The arrows indicate the initial stage of agglomeration. The
addition of ternary elements delays NiSi agglomeration.
Figure 5.12: Overview of alloying elements that induce a hexagonal phase as first-
forming phase, prior to NiSi growth, when 10 volume percent of the element (W, Ti,
Mo, Ta, Re) is initially added within a 10 nm Ni film.
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For these 5 ternary elements that induce a similar Ni-silicidation reaction
in the given in situ geometry, the phase formation upon heating of 10 nm
Ni(10 V.%metal) is presented in figure 5.12. For all measurements, a broad
temperature window without any clear diffraction peaks is detected in the
given experimental in situ geometry. The absence of diffraction peaks can point
into the direction of either a fully amorphous phase, or a strongly textured
phase.
In order to identify the character of the film in this temperature window that
we identified as θ-NixSiy, four samples from figure 5.12 were annealed until
350 ◦C and quenched to room temperature. Pole figures were measured on
these samples in order to look for the formation of a hexagonal phase. As we
investigate the possibility of the appearance of a hexagonal phase, the targeted
pole figures conditions were set as to investigate diffraction at the d = 1.96353
A˚ lattice spacing, which corresponds to the (102) θ-Ni2Si spacing.
When looking at the pole figures presented in figure 5.13, all measurements
exhibit diffraction spots, indicating the presence of the targeted lattice spacing
diffraction condition in the films. This indicates the presence of the θ-phase,
and indicates a strong preferential alignment of this phase. The so-called
amorphous intermediate phase as it was communicated in literature, is thus
clearly not amorphous, but exists (at least partially) of an epitaxially aligned
θ-Ni-silicide.
Similar samples were heated to 600 ◦C to target formation of the NiSi phase.
{112} NiSi pole figure on these samples are presented in figure 5.14. For all
investigated samples, the typical axiotaxy related circles [21] are weaker than
observed in the Ni/Si system, indicating that the axiotaxial alignment has
decreased. Some of the samples exhibit the same epitaxial alignment similar
to the 20 nm NiSi film that passed through the hexagonal phase, given in figure
5.9. The epitaxial alignment of the NiSi grains is most notable for addition of
W and Mo.
5.2.3 Discussion
Upon addition of ternary refractory elements to a thin 10 nm Ni layer on Si,
we observed two different features upon heating:
• when added as alloy, the formation of the first forming phase can be
delayed, and the phase can be modified from orthorhombic δ-Ni2Si into
hexagonal θ-Nickel-Silicide
5.2 Improvement of NiSi agglomeration by metallic alloying 179
Figure 5.13: Overview of θ-Ni2Si {102} (d = 1.96353 A˚) pole figures. Samples were
prepared by quenching 10 nm Ni(10% metal)/SOI samples at 350 ◦C.
Figure 5.14: Overview of (112)NiSi pole figures. Samples were prepared by quenching
10nm Ni(10%metal)/SOI samples at 600 ◦C.
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• the resulting NiSi film exhibits a different texture, in which axiotaxy can
be suppressed; for the considered metals, different degrees of epitaxial
behavior can be observed, ranging from mainly axiotaxial to a mainly
epitaxial alignment
Unfortunately, the exact mechanisms responsible for both effects remain
unclear. Experiments targeted at determining the solubility of the ternary
element in either δ-Ni2Si and θ-NixSiy, and its redistribution during the
reaction, could be a first step in obtaining a better understanding of the initial
reaction in these systems.
Effect of ternary elements on first-phase formation
For alloys, it is known that the refractory element is to large extent expelled
from the reaction region, and ends up near the surface. Indeed, XPS
measurements by Deduytsche et al. on a quench in this temperature window,
revealed that most of the W was located at the surface [22]. Second, it is
known that the element acts as a diffusion barrier, delaying the reaction to
higher temperature (see f.i. figure 5.12).
At this point, the data suggest that the refractory elements manage to
1. limit the Ni supply to the Si interface, and
2. increase the temperature at which this Ni supply reaches the Si surface.
It seems that both effects can tip the thermodynamic and/or kinetic balance
in favor of the formation of an epitaxial θ-Ni-silicide over δ-Ni2Si.
Remark: interlayers From literature, we suggest that Ti layers can
induce a transient hexagonal phase as well. Chiu et al. [101] systematically
investigated the phase formation, microstructure and stress evolution during
isochronal heat treatment of the 30nm Ni/3nm Ti/Si(100) system at 5
◦C/minute. Two ex situ characterization methods were applied: XRD on
different quenches to obtain information on phase formation and preferential
grain orientation, and cross-section TEM for film structure investigation.
With cross-section TEM images (fig. 5.15), it is found that upon heating,
the first initial reaction is a diffusion of Ni through the Ti interface layer.
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Figure 5.15: Pyramid-shaped growth observed upon annealing of a 30nm Ni/3nm
Ti/Si(100) system. The first reaction occurring in the system corresponds to the
formation of pyramid-shaped Ni-rich phase. The sample was ramped to 359 ◦C (a),
700 ◦C (b) and 825 ◦C (c) [101]
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An amorphous interface layer thus forms, with a composition that is mainly
Ti-related, with small amounts of Ni and Si incorporated. Underneath the
Ti-Ni-Si layer, at the interface with the Si substrate, an unidentifiable Ni-rich
phase forms, exhibiting a faceted growth into the Si substrate. They mentioned
the further systematic diffusion of Ni through the Ti layer, leading to the
further growth of the triangular zones, and a further increase of the thickness
of this phase. The authors claim that it is not the Ti itself, but the amorphous
interlayer that acts as a diffusion barrier. Furthermore, the formation of this
phase correlates with the development of strong tensile stresses, and the
final NiSi layer exhibits a preferential (200) and (002) alignment. Seen the
agreement with the results obtained in this work, we suggest the possibility of
hexagonal silicide formation in case of Ni/metal/Si interlayer systems.
5.3 Conclusions: transient hexagonal phase
For NiSi films with a thickness of technological interest (20 nm), modifying
the system to form an epitaxial hexagonal phase at low temperatures, can
induce an epitaxial alignment of the NiSi phase, and result in a significant
improvement of the morphological stability of the NiSi layer.
Two methods were discussed to select a reaction path through the hexagonal
phase:
1. mixing around 40 % Si in the as deposited film allows the system to
pass through a fully epitaxial binary hexagonal precursor phase with Si
content of about 45±5%.
2. adding well-chosen concentrations (10-20 %) of ternary refractory ele-
ments (Ti, W, Mo, Ta, Re) leads to the low-temperature formation of
an epitaxial hexagonal phase.
The addition of extra Si (about 40%) in the Ni film leads to a crystalliza-
tion reaction of the amorphous mixture, and induces the formation of a
hexagonal θ-Ni0.55Si0.45 phase, existing of big grains that exhibit a strong
preferential alignment. The NiSi forming from this precursor phase shows
a similar microstructure, existing of bigger grains and exhibiting a strong
epitaxial alignment. The resulting epitaxially aligned NiSi layer is extremely
resistant to agglomeration. This confirms the idea that a film’s microstructure
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determines its sensitivity to agglomeration, and that this microstructure can
be determined by the microstructure of preceding phases.
In a ternary system, the presence of elements at the interface can delay the
initial formation of any of the thermodynamically stable Nickel-silicides (Ni2Si
in the case of Ni/Si bilayer annealing). When adding well-chosen ternary
elements, upon heating, an epitaxial hexagonal θ-Ni-silicide can form as first
phase. The NiSi phase forming from this hexagonal phase exhibits a degree of
epitaxial alignment, which in some cases shows full agreement with the NiSi
alignment observed when it is formed from the epitaxially aligned binary θ-
phase from the Ni(40%Si)/Si system. Similar results might be achieved for
specific thin metallic interlayers.
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Chapter 6
Phase formation in Co-Si/Si
and Ni-Ge/Ge system
6.1 Introduction
In chapters 4 and 5, we showed that pre-mixing of Si within the as deposited Ni
film strongly affects silicidation in the Ni/Si system. In particular, we observed
the possibility to nucleate a metastable hexagonal phase, which in turn had a
big impact on the microstructure of the final NiSi compound.
Moreover, the as deposited Ni-Si amorphous layer proved an interesting model
system to study the nucleation of the first crystalline phase. The principle of
partially premixing elementary components of a targeted phase, can be applied
to other bilayer metal/semiconductor systems. In this chapter, we report an in
situ study on Co-silicidation when Si is premixed in the Co film. The addition
of Si can be expected to influence the phase formation. We investigate the
silicidation reaction and the effect on the characteristics of the targeted CoSi2
compound.
Furthermore, we briefly consider phase formation in the Ni(Ge)/Ge(100) sys-
tem. The Ni-Ge phase diagram is very similar to the Ni-Si phase diagram with
respect to the Ni-rich phases. Several Ni-rich germanides exist, among which
three high-temperature broad-composition hexagonal phases. We investigate
if pre-mixing Ge into a 50 nm Ni film allows for a similar phase modification
of the conventional Ni/Ge(100) system as found in chapter 4 for Ni-Si.
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6.2 Silicidation of Co(Si) mixed layers
6.2.1 Literature
Upon heating of the conventional Co/Si(100) system, three compounds form
sequentially with increasing temperature:
Co/Si
300◦C−Cogbdiffusion
→ Co2Si
300◦CSigbdiffusion
→ CoSi
550◦Cdiffusion/nucleation
→ CoSi2
(6.1)
Orthorhombic Co2Si is the first phase to form, followed by cubic CoSi and
cubic CoSi2 [105]. Co2Si and CoSi formation both occur diffusion controlled,
respectively by Co grain boundary diffusion via 2Co + Si → Co2Si, and by
Si grain boundary diffusion according to the reaction Co2Si + Si → 2CoSi.
The reaction CoSi + Si → CoSi2 occurs mainly nucleation controlled, as
indicated by the rough appearance of the CoSi2 film, and the small difference
in formation enthalphy (-3 kJ/mole).
Concentration-controlled Co-Si reaction
Intensive studies have been done in order to understand and control the
nucleation controlled reaction from CoSi to CoSi2. Interesting fundamental
results regarding the Co-Si phase formation can be achieved by studying
alternative Co-Si systems.
Reactive Cobalt deposition Vantomme et al. investigated the formation
of CoSi2 by reactive deposition [102]. The Si substrate was kept at a constant
high temperature (360 ◦C). In the mean time, Co deposition onto the heated
substrate occurred slowly; hence, an instantaneous reaction was allowed at the
interface. This controlled Co supply at the interface allowed for immediate
formation of CoSi2, at a temperature much lower than at which CoSi2
typically forms in a standard ramped Co/Si(100) solid-state reaction. The
reason thereof was found in the concentration of the reacting elements at the
interface; depending on the effective supply of Co atoms at the Si substrate (in
combination with a sufficient temperature), compounds can directly nucleate
from their elementary atomic species. Such reaction is characterized by a
specific enthalpy, different from the enthalpy in the sequential phase reaction.
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Formation of CoSi2 in the standard ramp-annealed Co/Si system (CoSi +
Si → CoSi2) is characterized by a heat of reaction ∆Hf of -0.83 kJ/mol at.
(which explains its nucleation-controlled reaction at elevated temperatures).
However, the reaction from its elementary Co and Si species (Co + 2Si →
CoSi2) is characterized by an enthalpy change of ∆H
el of -34.3 kJ/mol at. (see
table 6.1.) According to the EHF model, at a specific species concentration,
the phase selected to form is the one characterized by the lowest EHF (fig.
6.1). The EHF model was therefore used to explain the CoSi2 formation in
reactive deposition mode.
Interlayer Various reports can be found of the effect of an interlayer
on Cobalt-silicidation: Au [108], Ti [107], SiO2 [109]... The addition of a
well-chosen interlayer at the Co/Si reaction interface can induce immediate
formation of CoSi2 as initial phase at low temperature. The interlayers act as
diffusion barrier, thus slowing down/limiting the supply of Co atoms reaching
the Si interface, hence allowing immediate formation of CoSi2, by the same
reaction heat reasoning as mentioned above for reactive-sputter deposition.
Alloying A systematic study on the effect of 23 elements, initially added as
an alloying element in Co, was done by Lavoie et al. [104, 110]. Depending on
the degree of solubility of the alloying element in either CoSi or CoSi2, the
Co-silicidation reaction could be affected (fig. 6.2):
• alloying elements were found that either did not affect CoSi formation
at all, or that significantly delayed CoSi formation; no alloying elements
were found lowering the CoSi formation temperature;
• alloying elements were found that either lowered/did not affect/increased
the CoSi2 nucleation temperature
Results could be qualitatively explained in terms of the classical nucleation
theory and the entropy of mixing ∆Smixing. The investigation was not solely
limited to the addition of metals; the authors investigated the effect of pre-
mixing Si in the Co film (on Si(100)) as well. This is the same concept as we
perform in our study here. No remarkable effects on the initial temperature of
formation of either monosilicide or disilicide was found (see figure 6.3). In the
reported study, the amount of Si premixed into the Co film did however not
exceed 20 at.%, which is below the Si percentages considered in this work.
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Figure 6.1: Effective Heat of Formation as a function of composition in the Co-Si
system [7]
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Figure 6.2: Temperature range over which the CoSi phase exists when 8 nm Co
samples are annealed at 3 ◦C/s. Bottom and top of each bar corresponds to the
formation of CoSi and CoSi2 respectively [110].
Figure 6.3: CoSi formation temperature when the indicated amount of Si is mixed
in a 8 nm Co film on Si(100) (heating at 3 ◦C/s). The blue zone represents the
temperature window over which only Co2Si exists. The highlighted zone represents
the temperature window over which CoSi exists as a single phase (Lavoie et al. [110]).
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Table 6.1: Heats of formation of Co-silicides, either forming (left) from the elementary
species (∆Hel) (right) from the preceding silicide + elementary species ∆Hbilayer
Phase ∆Hel ∆Hbilayer
(kJ/mol at.) (kJ/mol at.)
Co2Si 2 Co + Si -38.5 2 Co + Si -38.5
CoSi Co + Si -50.2 Co2Si + Si (4×(-50.2)
-3×(-38.5))/4 =
-21.3
CoSi2 Co + 2 Si -34.3 CoSi + Si (3×(-34.3)-1×0
-2×(-50.2))/3 = -0.83
6.2.2 Experiments
Co films were co-sputtered with Si onto both 100 nm thermal SiO2 and HF
cleaned p-type Si(100) substrates during the same deposition. The thickness
of the alloys was scaled in such a way that their Co content is constant and
corresponds to a nominal Co film thickness of 50 nm (i.e. about 45·1016
atoms/cm2). On top of the mixed film, a 2 nm Si cap was sputtered to
prevent the samples from oxidation upon annealing. A series of 10 samples
with different Si to Co ratio was prepared. The Si to Co atomic ratio in the
as deposited film was verified after deposition by Rutherford Back Scatter
diffraction (RBS) at the IKS (KULeuven). The sample overview is presented
in the first column of Table 6.2.
Phase formation was studied using in situ XRD. Samples were subjected
to ramp anneals at 3 ◦C/s, from 100 ◦C to 950 ◦C. The measured XRD
data are plotted as a contour map superimposed on a gray scale map (with
white corresponding to the highest intensity). Simultaneously, information
concerning the surface roughness was also recorded using in situ HeNe laser
light scattering at an incident angle of 65 ◦ and a detected scattered angle of
-20◦, providing information on a lateral length scale of about 0.5 µm.
Pole figures were measured to obtain the distribution of grain orientations
present in the specimen. High resolution X-ray pole figures were recorded
at the X20A beam line of the NSLS at BNL, using a linear detector, and
synchrotron radiation with a wavelength of 0.1546 nm. In total, 640 pole figures
in a 2θ range of 29.2 ◦ to 62.6 ◦ were recorded, using the technique described
in reference [111], resulting in a 2θ resolution of 0.05 ◦, and using a step size
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Table 6.2: Left: Overview of the mixed Co-Si layers. Middle: Corresponding Co-Si
on Si(100) phase sequence groups (labels are explained in the text). Right: Results of
EBSD measurements on quenches at 650 ◦C and 950 ◦C. The main phase is given,
together with the typical measured grain size. When individual grains could not be
distinguished (likely because the grain size is below the detectable limit by EBSD, or
due to surface roughness), the grain size is marked with x.
650 ◦C 650 ◦C 950 ◦C 950 ◦C
sample Phase Grain size Phase Grain size
0%Si A.
21%Si
30%Si
35%Si
42%Si B. CoSi x CoSi2 x
43%Si CoSi x CoSi2 x
48%Si C. CoSi 5 µm CoSi/CoSi2 1-5 µm/x
52%Si CoSi 10-20 µm CoSi/CoSi2 5-10 µm/x
57%Si D. CoSi/CoSi2 x/x CoSi2 x
59%Si
in φ (the rotation of the sample about its normal) and χ (the tilting of the
sample) of 0.6 ◦.
6.2.3 Results
Phase formation on oxide
Upon heating of the layers on oxide, the Co(Si) amorphous mixture will
crystallise into Co-silicides. The initial point of crystallization and the first
crystallizing phase are expected to be determined by the Co/Si ratio in the
amorphous intermixed Co/Si layer. In situ XRD is an ideal characterization
method to detect these features.
The observed initial crystallization temperature, and the first nucleating
phases are presented in figure 6.5. Depending on the initial concentration, we
found the first nucleating phases to be either Co2Si [0-35 %Si], Co2Si+CoSi [42-
43 %Si], CoSi [48-52 %Si] and CoSi+CoSi2 [57-59 %Si]. Within a composition
range, the initial crystallization temperature varies as well.
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Figure 6.4: In situ XRD (at 3 ◦C/s) for Co-Si mixed layers on oxide.
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Figure 6.5: Initial silicidation temperature of the as deposited Co-Si mix on SiO2
and Si(100). The labels refer to the first nucleated phase (or combination of phases).
The gray lines indicate the stoichiometric Cobalt-silicides.
Discussion
The prediction of the initial forming phase in metal/Si systems has been of
interest for many years. It is generally accepted that the first crystalline phase
in a planar metal/Si system forms after formation of a thin amorphous metal-
Si mixed layer at the interface [112]. Within this layer, a thermodynamical
driving force selects particular phases to nucleate, after which (eventual)
further growth is governed by kinetic factors.
The amorphous Co-Si layer studied in this work, can be considered as a thick
version of such an interface layer, exhibiting a uniform metal-Si composition.
Such a layer thickness eliminates normal concentration gradients at the
interface and thus any necessity for diffusion on larger scale. The thicker
layer also improves the detectability of the phases that crystallize. These
characteristics of the deposited layer makes our system ideal to study the initial
mainly thermodynamically governed phase selection within the amorphous
mix.
Pretorius [7] developed a model that allows for predicting the first forming
phase in an amorphous layer with a given composition. Generally, the concen-
tration of an amorphous mayer does not match to that of any stoichiometric
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Figure 6.6: In situ XRD (at 3 ◦C/s) for Co-Si mixed layers on Si(100). The letters
indicate the phase sequence groups referred to in the text. Addition of Si strongly
affects the phase formation. For 52 %Si, CoSi exists over a large temperature window,
delaying CoSi2 nucleation by 150
◦C compared to the ‘pure’ Co/Si reference.
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compound. Any deviation of a compound’s stoichiometry linearly decreases
the free energy change ∆H associated with the crystallization of the phase.
For every compound, this results in a concentration dependent ∆Heff (figure
6.1). The compound exhibiting the lowest EHF at a specific concentration, is
the one expected to have the largest effective driving force for nucleation.
Our measurements show that co-nucleation of multiple phases can occur when
approaching the critical concentrations where the triangular curves cross. This
is altogether not surprising, as the standard EHF are close to one another.
The difference in driving force for two phases is then negligible. Overall, the
typical composition ranges in which the first phases form, agree well with the
thermodynamical predictions (see table 6.3).
6.2.4 Phase formation on Si(100)
For all Co(Si)/Si(100) samples, the phase formation upon heating was also
recorded with in situ XRD. Figure 6.6 shows a selection of these XRD
measurements, each of them measured from 100 ◦C to 950 ◦C, with 2θ on
the vertical axis and temperature on the horizontal axis. For 4 samples with
different Co(Si) composition, a measurement is shown covering a 2θ range of
48-62◦. A Co/Si(100) reference sample is presented for comparison.
The initial silicidation temperature is again graphically presented in fig. 6.5.
The initial silicidation temperature on Si(100) shows good agreement with
the initial reaction temperature on oxide; a small difference between both
substrates is noticed in composition range [42-43%], in which Co2Si+CoSi
initially co-appear: crystallization on Si(100) occurs at a slightly lower
temperature.
Table 6.3: Top: Experimentally derived initial Co-Si concentration ranges causing
different phase sequences. Bottom: Comparison of first nucleated phase as expected
by the EHF model (see figure 6.1), and as experimentally observed in the amorphous
Co-Si layer.
Range A B C D
%Si [0-35%] [42-43%] [48-52%] [57-59%]
EHF Co2Si CoSi CoSi CoSi or CoSi2
Exp. Co2Si Co2Si+CoSi CoSi CoSi+CoSi2
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Figure 6.7: Formation temperature of CoSi (top) and CoSi2 (down) in the
Co(Si)/Si(100) system, derived from in situ XRD measurements at 3◦C/s. The lower
highlighted zone represents the temperature window over which CoSi exists: the high
temperature limit indicates the temperature at which CoSi2 forms; the dashed line
indicates the temperature at which no CoSi diffraction peaks are detected (line added
as a guide to the eye).
Once a first phase formed, the contact with Si allows for further phase
formation. Upon further annealing, we distinguish 4 different phase sequence
groups:
• A. Co(0-35 %Si) → Co2Si → CoSi → CoSi2
• B. Co(42-43 %Si) → Co2Si + CoSi → CoSi2
• C. Co(48-52 %Si) → CoSi → CoSi2
• D. Co(57-59 %Si) → CoSi + CoSi2 → CoSi2
We focus on the effect of the initial Co(Si) composition on the temperature
windows over which the Co-silicides are observed. For all silicides, the
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temperature at which phases appeared and disappeared was systematically
recorded. A graphical representation of the results is presented in figure 6.7.
TheX axis represents the composition of the mixed layer; the Y axis represents
the formation temperature of the considered silicide. The blue zone represents
the interval over which only Co2Si is observed. The initial formation of CoSi
advances when the composition approaches the stoichiometric composition
of Co2Si. The temperature at which Co2Si is consumed for further phase
formation, does not relate to the composition of the Co(Si) mix. A similar
analysis is performed on the reaction of CoSi2 from CoSi (fig. 6.7). The yellow
zone indicates the temperature zone over which CoSi is detected as the only
phase; the lower limit indicates the initial temperature at which its diffraction
peaks appear, the upper limit the temperature at which CoSi2 initially forms.
The dashed line shows the temperature at which the CoSi peaks have fully
disappeared1.
From these observations, we notice three systematic trends when increasing
the amount of Si in the Co layer:
• for low Si concentrations, the CoSi formation temperature is not strongly
affected, in agreement with previous results from literature [110]; from
42 %Si on, with increasing Si addition, the CoSi formation temperature
drastically decreases until it reaches a minimum formation temperature
(220 ◦C at an optimum Si composition of about 50 %); when >57 %Si
is initially added, the CoSi formation is delayed.
• With increasing Si addition, the CoSi layer stabelizes drastically as
indicated by the temperature at which the peaks disappear; at an
optimum Si composition of about 50 %, the CoSi peaks are detected up
to the maximum temperature of our measurements (950 ◦C); if more Si
pre-mixed, the temperature at which CoSi disappears, decreases until
it reaches the normal formation temperature from the bilayer Co/Si
system.
• With increasing Si addition, the initial CoSi2 nucleation temperature
drastically increases to a maximum temperature (820 ◦C at the same
1For the two last data points with very high Si concentration, some CoSi2 is already
formed during the initial nucleation of the Co(Si) mix. The formation temperature marked
on the graph is the temperature at which the CoSi2 diffraction peaks show the fastest increase
in intensity, at the expense of the CoSi peaks.
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optimum Si composition of 52 %); when more Si is added, the CoSi2
formation temperature gradually decreases.
In summary, when up to 50 %at.Si is added to the Co film, we notice that
1. the overall temperature window over which CoSi is observed, increases
2. CoSi2 nucleation is delayed to higher temperatures.
In situ stress development
Figure 6.8 shows the stress evolution upon heating at 3 ◦C/s. The stress
evolution in range A is in good agreement with results previously described for
the conventional Co/Si system [36, 26, 113]. The initial tensile steps in range
A (for 30 and 35 %Si), and in ranges B and C confirm the idea that the first
formed compound is mainly formed by a crystallization reaction: the sudden
tensile trend results from an overall densification of the film. The tensile step
is most pronounced at the 52 %Si sample.
Discussion
When comparing the reaction of Co(Si)/Si with the reaction of Co(Si)/oxide
(fig. 6.5), we notice a similarity in the initially occurring features:
• the first appearing phases exhibit the same dependency on Co(Si)
composition, which suggests that the initial reaction in the Co(Si)/Si
system is again a crystallization reaction within the amorphous Co-Si
layer.
• Small differences in silicidation temperature are probably related to the
change in interface energy σ associated with nucleation. As σ depends
directly on the substrate, based on the differences in crystallization
temperature, crystallization of the initial phase likely starts at the
interface, rather than somewhere throughout the film.
After first-phase formation, further phase formation evolves toward com-
pounds that are richer in Si. To explain the remarkable large temperature
window over which CoSi is observed in range C (see fig. 6.7), two features
need to be explained:
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Figure 6.8: In situstress measurements performed on the Co(Si)/250µm Si(100)
system at 3◦C/s (ordered by phase sequence groups).
1. the decreasing temperature of CoSi formation, and
2. the increasing stability of the CoSi layer (or alternatively: the increasing
CoSi2 nucleation temperature)
An explanation for the lower formation temperature of CoSi should be found
in the crystallization of a stoichiometric phase from elementary species2. At
an exact 50 %Co-Si composition, no diffusion is needed. Only local atomic
rearrangement is sufficient to crystallize CoSi, which lowers the overall energy
required for CoSi formation, thus reducing the formation temperature. As
the composition deviates from the 50%Co-50%Si, more short range diffusion
is needed locally to reach the stoichiometric composition, which can only
occur when more energy (i.e. a higher temperature) is supplied to the system.
Furthermore, the closer to the stoichiometric composition, the more negative
the EHF, and the higher the driving force for CoSi nucleation.
The increase in CoSi2 formation temperature is not a priori obvious. The
formation of CoSi2, being nucleation-controlled, depends on the barrier height
2In case of initial nucleation in Ni(Si) mixed layers, a similar relationship between the
temperature, composition of the amorphous mix and the stoichiometry of the formed line
phases was found.
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∆G∗ for nucleation. The barrier height ∆G∗ depends in turn on the enthalpy
of formation (decrease in Gibbs free energy) and on the surface energy cost to
form a nucleus. The Gibbs free energy should not vary significantly since the
materials and the transformation are in principle the same. Small variations
could be at play from stress effects. The surface energy cost could vary if
the film texture is significantly different when CoSi crystallizes close to the
50 % composition. To get information about grain orientation, a pole figure
(not shown) was measured on the CoSi sample resulting from the 52 % Si
amorphous mix. No preferential orientation was found. This random crystalline
orientation cannot account for a change in interfacial energy and thus neither
for a change in the formation temperature at that composition.
It was already found that CoSi2 nucleation preferably occurs at grain boundary
points [103]. For heterogeneous nucleation, the nucleation density is related to
the microstructure of the precursor phase. The CoSi microstructure for film
concentrations of 48 and 52 %Si was investigated with EBSD (see figures 6.9
and 6.10).
Grains of about 5 and 20 µm, respectively, were found, which is extremely
big, as in general the grain size in silicide films is similar to the film thickness.
Table 6.2 shows an overview of the performed EBSD measurements and the
obtained results. For samples marked with an x, phases could be identified, but
no results on individual grain size could be determined. While in principle, this
could be the result of a very rough surface after nucleation, LLS measurements
do not show large increases in roughness at this optimum composition (6.11).
The lack of detectability therefore probably results from a grain size that is too
small for detection by EBSD [81] (i.e. smaller than 100 nm in our case). Only
Figure 6.9: EBSD maps indicating the CoSi grain size in a 100 nm CoSi film, formed
from (LEFT) 50 nm Co(48%Si)/Si(100) and (RIGHT) 50 nm Co(52%Si)/Si(100),
quenched at 650 ◦C.
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Figure 6.10: EBSD color maps indicating CoSi (red) and CoSi2 (blue), formed from
(LEFT) 50 nm Co(48%Si)/Si(100) and (RIGHT) 50 nm Co(52%Si)/Si(100), quenched
at 950 ◦C.
the two samples with the large CoSi stability range (48 and 52%Si) exhibit
the extremely big grains. The average size of the grains in both films clearly
correlates with the increased CoSi layer window.
LLS measurements do not reveal large increases in CoSi2 roughness at the
48-52 % composition. As the surface of the CoSi2 film seems rather smooth,
the lack of EBSD detectability therefore probably results from a grain size
that is too small for EBSD (<100 nm in our case). For the two samples with
the largest CoSi temperature range however, extremely big grains were found
(about 5 µm and 20 µm respectively). The average size of the grains in both
films clearly correlates with the stability of the CoSi layer.
The relationship between grain size and initial temperature is to be explained
by the composition of the initial mix. The closer to the 50%Si composition,
the less energy is needed for local atomic rearrangement to fit the CoSi
stoichiometry. One can imagine that CoSi nucleates early, and that growth
proceeds very fast, once an initial nucleus has formed. The initial few nuclei
grow fast until they impinge on each other in the lateral direction.
To explain the long CoSi layer stability (i.e. the delay of CoSi2 nucleation) in
ranges B-C, we focus on the CoSi2 nucleation reaction. When the CoSi grains
are extremely big (such as in range C), very few heterogeneous nucleation
sites are available. If growth of the nucleated grains would proceed fast,
one would then expect big CoSi2 grains. However, even without being able
to clearly determine the grain size, the observed CoSi2 grains are definitely
significantly smaller than the CoSi grains (see table 6.2). If for some reason
the growing CoSi2 grains are limited in size (strain, impurities...) or if
diffusion is too slow, it is then likely that upon further annealing, during
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Figure 6.11: Laser-Light scattering from 0.5-µm length scale, for all measured
Co(Si)/Si(100) samples. A systematic trend can be related to the different phase
sequences. The roughness evolution of the Co/Si(100) reference sample (and up
to 35 %) shows good agreement with previously reported results [110]. The signal
increase at high temperature is related to CoSi2 nucleation-controlled formation.
When between 42-43 %Si is added, the increase in CoSi2 roughness shifts towards
higher temperatures, and the step height upon CoSi2 nucleation is lower, which implies
a less rough CoSi2 film. Between 48 and 52 %Si the roughness increase is further
delayed to higher temperatures.
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CoSi2 growth, temperatures are reached that are sufficient to allow for
homogeneous nucleation. New CoSi2 grains can then nucleate and grow. From
our measurements, it seems that even at high temperatures the growth rate is
probably still slow, as evidenced by the large temperature interval over which
CoSi and CoSi2 coexist, even when CoSi2 formation only sets in at higher
temperature. In summary, the experimental results clearly indicate an effect
of the CoSi grain size on the formation of CoSi2.
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6.3 Phase formation in amorphous Ni(Ge) mixed
layers
Recently, in the continuous search for new materials, germanides have gained
more interest as potential material for use in CMOS devices [114]. NiGe
is particularly interesting due to its low formation temperature and its low
resistivity.
In situ studies upon annealing of Ni layers deposited on Ge substrates revealed
a complex initial phase formation. The initial reaction of Ni/Ge(001) was
reported to be a growth competition of Ni5Ge3 and orthorhombic NiGe [115,
116]. Investigation of alternative Ni-Ge systems can provide more insight in the
early stage of phase formation. An alternative ratio-controlled Ni-Ge system
was investigated by Jensen et al. [73, 118]. By heating amorphous precursor
films existing of 30A˚ Ni and Ge multilayers with well-designed composition,
the authors were able to prepare the NiGe compound without any intervening
phase, as well as high-temperature crystalline Ni-Ge compounds (δ-Ni5Ge2,
ǫ-Ni5Ge3, Ni3Ge2) at temperatures lower than 200
◦C.
Phase formation on oxide : hexagonal phase
The oxide substrate is used as a model system to identify phases that
initially crystallize in an amorphous Ni-Ge mixture of a given homogeneous
concentration. By co-deposition, a series of 20 mixed Ni-Ge layers was
prepared. The Ni content in these layers is constant and corresponds to a 50
nm Ni film, the Ge content varied between 24 and 48 at.%. Phase formation
upon heating was systematically investigated by in situ XRD measurements,
in two diffraction windows ([48-62 ◦] and [33-47 ◦]).
Figure 6.13 shows a selection of XRD measurements performed. As can be
expected, both first phase and temperature of initial phase formation correlate
directly with the composition of the amorphous film. Similar to the Ni-Si
system, hexagonal metastable Ni-germanides are observed to crystallize readily
from the layer at temperatures lower than their stability range.
Initial hexagonal phase crystallization occurs over a broad composition range
[34-46 %Ge]. Figure 6.16 shows an XRD spectrum, extracted from the in
situ XRD scans at a fixed temperature of 200 ◦C. The hexagonal germanides
exhibit a systematic peak shift toward higher 2θ diffraction angles with
increasing Ge content. The measurements suggest that all Ge and Ni species
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Figure 6.12: Ni-Ge thermodynamical phase diagram. Three high-temperature
hexagonal phases can be distinghuished: the stoichiometric δ-Ni5Ge2 (Pd5Ge2
structure), and the broad Ni5Ge3 and Ni3Ge2 compounds (between Ni2In and
NiAs). Disagreement is found on Ni19Ge12, being either orthorhombic, monoclinic
or hexagonal.
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participate in formation of the compound. A decrease of the hexagonal NixGey
compound’s a and c lattice parameters with increasing Ge is in agreement with
previous literature [117, 118].
In an optimum layer composition range of [34-40 %Ge], the hexagonal phase
is already observed in as deposited state, suggesting an easy nucleation of
hexagonal germanides at that specific composition.
Note that upon further heating (f.i. sample 40 %Ge), after formation of a
metastable hexagonal phase, the film sequentially passes through a series of
hexagonal phases, in agreement with the phase diagram. The peak shift relates
to a small variation in the structure (f.i. Ni19Si12) (see fig. 6.13).
Jensen et al. previously observed low-temperature formation of high-temperature
germanides in Ni/Ge multilayer structures, with Ge content in the film between
24-42 % [118]. They observed initial nucleation at 200 ◦C of the metastable
Ni-germanides that exhibit a NiAs related hexagonal structure i.e. Ni3Ge2
(40-42%), δ-Ni5Ge2 (24-30%) and ǫ-Ni5Ge3 (34-38%). In agreement with their
findings, and with aid from the second 2θ diffraction window, we can identify
the first hexagonal crystallizing phases as indicated in figure 6.13.
Phase formation on Ge(100): hexagonal phase
In the investigated system, when ≤24at.% is Ge premixed, the phase
sequence upon germanidation shows agreement with the phase sequence
for the pure Ni/Ge system. For elevated amounts of Ge (i.e. above 28%),
the phase formation exhibits a systematic variation with amorphous layer
composition. Between 34 and 46%Ge, the low-temperature hexagonal phase
crystallization is once again observed, thus modifying the competitive Ni-rich
phase growth from the Ni/Ge system (fig. 6.14). When approaching the 50%-
50% composition, NiGe formation can clearly be advanced.
6.4 Conclusions
The initial crystallization reaction of an amorphous Co-Si mixed layer relates
to the composition of this layer. All Co-silicides stable at room temperature
from the phase diagram can readily nucleate as a first phase in an amorphous
layer with a well-chosen composition. Co-crystallization of multiple phases is
possible as well.
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Figure 6.13: In situ phase formation upon annealing of Ni(Ge)layers with the
indicated atomic composition, deposited on SiO2. Metastable hexagonal germanides
appear at temperatures, lower than thermodynamically expected by the binary phase
diagram.
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Figure 6.14: In situ phase formation upon annealing of Ni(Ge)layers with
the indicated atomic composition, deposited on Ge(100). Metastable hexagonal
germanides crystallize at temperatures outside their thermodynamical stability range.
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Figure 6.15: Theoretical XRD spectra
for the metastable hexagonal Ni-Ge
compounds (λ = 1.797 A˚ ) (data from
JCPDS)
Figure 6.16: Isothermal (200 ◦C) XRD
spectrum for 50 nm Ni(Ge) with indi-
cated composition, deposited on oxide.
The spectrum was extracted from in
situ XRD measurements. The typical
peak combination indicates presence of
a hexagonal germanide; the systematic
peak shifts with composition suggest a
systematic incorporation of all available
Ni-Ge species into the hexagonal phase.
In the Co(Si)/Si(100) system, this initial crystallization modifies the normal
phase sequence from the pure Co/Si system, which in turn influences the CoSi2
nucleation temperature and lowers the overall CoSi2 roughness. In particular,
when CoSi nucleates as first phase (43-49%Si), the CoSi precursor exists of very
big grains (up to 20 micron), which significantly retards the nucleation of the
subsequent CoSi2 phase. This is believed to be attributed to a reduction of the
number of potential CoSi2 heterogeneous nucleation sites. Although nucleation
occurs at high temperatures, the further growth is still characterized by slow
diffusion.
Pre-mixing Ge into a 50 nm Ni film allows for a modification of the
germanidation phase sequence upon heating. The initial reaction within the as
deposited amorphous Ni-Ge layer is a crystallization reaction, after which more
Ge-rich phases form through continued reaction with the Ge(100) substrate.
In particular, when the as deposited amorphous layer contains 38-46 at.%Ge,
heating results in low-temperature formation of high-temperature hexagonal
germanides. The hexagonal phase exhibits a broad variation in composition,
which can account for its preferred nucleation above stable stoichiometric (i.e.
‘line’) compounds for which phase separation and local diffusion of excess Ni
or Ge is required.
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Conclusions
Throughout this work, we noticed a correlation between the phase formation
preceding the formation of a targeted silicide, and the microstructural
characteristics of that silicide phase. The phase sequence can be influenced by
initially alloying the Ni film with ternary elements, but as well by depositing a
binary layer in which the elementary components of the targeted binary phase
are premixed to some extent.
Pt addition and NiSi formation In situ XRD and wafer curvature
measurements were used to study the effect of Pt on the phase formation
and the growth stress of Ni1−xPtxSi films. Pt was added to the as deposited
Ni film as a capping layer, an alloy or an interlayer. The capping layer showed
similar results as the pure Ni sample. The alloy and interlayer sample revealed
a significant decrease of the maximum compressive forces reached during
silicidation. This could be related to a significant increase of the formation
of the metal-rich phases and a less complex metal rich phase sequence. This
effect was most visible for the Pt interlayer, where only one metal-rich phase
was detected, identified as δ-Ni2Si.
Si addition and NiSi formation A systematic variation of the amount of
Si (<50 at.%) in the as-deposited 50 nm Ni film allows to modify the overall
silicide phase sequence in the Ni(Si)/oxide system in general, and the first
crystallzing phase in particular. On oxide substrates, regardless of the Ni to Si
composition of the film, non-congruent phases were not observed to crystallize
initially. For lower Si concentrations [21-33%Si], the nucleation of the first
phase can be explained thermodynamically: Ni31Si12 for [21-28%Si] and Ni2Si
for [28-33%Si]. The most remarkable observation is the initial crystallization
of a hexagonal Ni-silicide. Such hexagonal Ni-silicide is thermodynamically
only expected at high temperature (above 800 ◦C), but is here observed at
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about 400 ◦C. The hexagonal phase is observed over a broad composition
range [33-49%Si], where it nucleates readily as a single phase [38-47%Si], or
together with δ-Ni2Si [33-37%Si] or NiSi [47-49%Si] The broad variation in
composition is attributed to an apparently easy incorporation of vacancies on
Ni sites, and probably accounts for the selection of this (metastable) phase
above thermodynamically stable stoichiometric compounds for which phase
separation (and thus higher energy) would be required.
In the 50 nm Ni(Si)/Si(100) system, mixing more than 21% Si eliminates
simultaneous Ni-rich phase growth at low temperature. When adding between
[38-47%Si], the first growing phase is again the hexagonal θ-phase with an
almost epitaxial texture in an optimum range between 38%-43% of Si in the
mixed layer. In this same optimum range, the NiSi phase growing after the
hexagonal phase exhibits a strong epitaxial alignment as well. In particular,
in thin 10 nm Ni(40%Si) films on Si(100), this same particular phase sequence
is observed and induces a strong improvement of the NiSi layer’s sensitivity
to agglomeration. This directly relates to the microstructure of the resulting
NiSi layer. In particular, both the NiSi grain size and preferential aligment are
affected.
Ti, Ta and W addition and NiSi formation and layer stability In
a ternary system, the presence of elements at the interface can delay the
initial formation of any of the thermodynamically stable Nickel-silicides (e.g. δ-
Ni2Si in the case of Ni/Si bilayer annealing). When adding well-chosen ternary
elements, upon heating, a hexagonal θ-Ni-silicide can form as first phase, for
which (a certain degree of) epitaxial growth can be achieved. The NiSi phase
forming from this hexagonal phase exhibits a degree of epitaxial alignment,
which in some cases shows agreement with the NiSi alignment observed when
it is formed from the epitaxially aligned binary θ-phase from the Ni(40%Si)/Si
system.
Overall conclusions on phase formation and properties of NiSi:
• The addition of ternary elements can effect and even suppress Ni-rich
phase formation at low temperatures
• The transient phase formation can have a serious impact on the
microstructure of the following NiSi film
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• The microstructure (preferential alignment and grain size) of the NiSi
layer is a key factor for its sensitivity to agglomeration
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Suggestions for further
research
With the continuous trend of scaling down of devices, the optimization of the
characteristics of existing useful materials becomes increasingly important, as
well as the introduction of new materials.
The observation of the existence of a hexagonal low-temperature θ-phase is a
key observation in the already long-standing search for comprehension of the
phase formation in the Ni-Si system. With this newly gathered information,
new research can be performed on both the conventional complex Ni/Si
system, as well as on alternative Ni/Si systems. The observation of this
hexagonal phase at low temperature in thin films can be investigated in
more detail (electrical properties, contact resistance...) In the same scope
of the continuous search for new materials for application, similar further
investigation of the technological properties can also be performed on the
hexagonal θ-Ni-silicide phase itself. In the continuous search for new materials
for application, similar further investigation of the technological properties can
be performed on the hexagonal θ-Ni-silicide phase itself.
In the same scope of continuous search for new materials, the use of Ge or
Si(Ge) is postulated. NiGe is considered as a promising contacting material
candidate. Its main disadvantage relates to a low morphological stability.
Based on the similarity with the Ni/Si system, and the fact that in the Ni/Si
system a phase sequence modification could lead to an improvement of the
NiSi layer stability, similar research can be done on the Ni/Ge system as well.
Furthermore, the method of studying crystallization in as deposited amor-
phous mixtures appears a useful system in the long-standing search for
comprehension of first phase formation. In future, this method could be
extended to other binary/ternary systems as well.
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LTEC Linear Thermal Expansion Coefficient
RBS Rutherford Back Scattering
XRD X-Ray Diffraction
JCPDS Joint Committee on Powder Diffraction Standards
EHF Effective Heat of Formation
DDS Dominant Diffusing Species
SSAR Solid-State Amorphization Reaction
RHEED Reflection High-Energy Electron Diffraction
Salicide Self-aligned silicide
(HR)-TEM (High-Resolution)- Transmission Electron Microscopy
EBSD Electron Back-Scatter Diffraction
CMOS Complementary Metal-Oxide-Semiconductor
SEM Scanning Electron Microscopy
FUSI Fully-Silicided
XPS X-ray Photo-electron Spectroscopy
ITRS International Technology Roadmap for Semiconductors
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2θ BNL 2θ CuKα 2θ BNL CuKα 2θ BNL 2θ CuKα
1 0.85731 26 22.23881 51 43.31831
2 1.71461 27 23.08989 52 44.15036
3 2.57187 28 23.94049 53 44.98132
4 3.42908 29 24.79057 54 45.81115
5 4.28622 30 25.64012 55 46.63984
6 5.14328 31 26.48911 56 47.46734
7 6.00023 32 27.33753 57 48.29363
8 6.85705 33 28.18536 58 49.11867
9 7.71374 34 29.03257 59 49.94243
10 8.57028 35 29.87913 60 50.76489
11 9.42663 36 30.72504 61 51.586
12 10.2828 37 31.57027 62 52.40573
13 11.13876 38 32.41478 63 53.22405
14 11.99449 39 33.25857 64 54.04091
15 12.84997 40 34.10161 65 54.8563
16 13.70519 41 34.94387 66 55.67015
17 14.56013 42 35.78533 67 56.48245
18 15.41476 43 36.62597 68 57.29315
19 16.26908 44 37.46575
20 17.12306 45 38.30467
21 17.97669 46 39.14268
22 18.82994 47 39.97977
23 19.6828 48 40.8159
24 20.53524 49 41.65105
25 21.38725 50 42.4852
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Appendix A
Modelling the stress evolution
during silicidation
Annealing of a thin film, attached to a substrate, often results in the generation
of mechanical stresses. This stress can typically be classified in two categories.
Stress caused by a change of the density (or molar volume) of the film (e.g.
during a solid-state reaction between film and substrate) is irreversible and
referred to as growth stress or intrinsic stress. Stress generated by a mismatch
in thermal expansion between film and substrate is known as thermal stress
or extrinsic stress.
During annealing, high levels of growth stress may damage the film (cracking,
delamination) or may create dislocations in the semiconductor substrate [26,
119].
Residual film stress has also proved being particularly important in micro-
electronics [26, 119, 120, 122, 123], as it can influence the electrical performance
of devices. When understood and controlled, this phenomenon can be used to
improve the speed of devices by generating an appropriate amount of strain
in the semiconductor channel of a transistor.
A better understanding of the film stress development is required. Zhang&d’Heurle
developed a model for stress evolution during isothermal growth of silicide
films [31]. The model distinguishes between growth stress controlled by the
fast-moving atoms, and stress relaxation controlled by the slow-moving atoms.
Here, an iterative procedure is proposed to calculate the stress evolution during
solid-state reactions in thin films using arbitrary temperature profiles (e.g. the
so-called isochronal or ramped anneals). The model is an extension of the
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model by Zhang&d’Heurle for isothermal anneals, and includes the evolution
of growth stress, thermal stress and stress relaxation based on atomic diffusion.
A.1 Modelling stress evolution: extension of Zhang&d’Heurle
model
A.1.1 Calculation of isothermal model by Zhang&d’Heurle
The original model as considered below is based on some assumptions to
simplify the problem of stress development in silicide films:
• The film is supposed to be much thinner than the substrate. In this way,
all stress generation takes place in the film.
• Stress relaxation is supposed to take fully place in the film. It is
assumed that no plastic deformation occurs via the generation of
dislocations in the substrate. This is not exactly true; in fact the potential
generation of dislocations is one of the reasons why stress investigation
is technologically interesting.
The original mathematical model by Zhang&d’Heurle [31] is based on the
viscous flow relaxation mechanism, for which the rate of deformation ǫ˙ is
given by:
dǫ
dt
=
σ
η
(A.1)
Viscous flow is an atomic-based relaxation mechanism exhibiting a linear
dependency on stress. The value η is the material’s coefficient of viscosity,
which is defined out of the above equation. For viscous flow, the solid is
considered as a liquid with a very high viscosity, typically greater than 1012
Pa·s. η depends strongly on temperature, and its temperature dependency can
be presented as a general thermally activated process (by η(T ) = A · expEa/kT
with A a pre-factor, Ea the relaxation activation energy and kT thermal
energy).
The original Zhang&d’Heurle model considers stress development+relaxation
for diffusion controlled silicide growth upon isothermal heat treatment. As
temperature is constant, the direct temperature(time) dependency vanishes
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out of η. What remains is a relaxation mechanism for which the rate (dǫ/dt)
at which the applied stress σ relaxes at a fixed temperature T , depends
1. on the amount of stress that is applied to the system (σ), although the
dependency is weak, compared to f.i. the typical dislocation relaxation
mechanisms
2. on the considered material through the material constant η.
The principle is shown in figure A.1. With the symbol convention defined in
the figure, the differential equation can now be solved into a value for σis, the
stress as a function of time:
dǫ
dt
=
−ǫ ·E + σin
η
(A.2)
dǫ
(−ǫ · E + σin)
=
1
η
dt (A.3)
(A.4)
and with the substitution Σ′=-ǫE+σin
−
1
E
dΣ′
Σ′
=
1
η
dt′ (A.5)∫ Σ
Σ0
dΣ′
Σ′
=
∫ t
t0
−
Edt′
η
(A.6)
lnΣ− lnΣ0 = −
E
η
(t− t0) (A.7)
lnΣ− lnσin = −
E
η
t (A.8)
Σ = σin exp
(
−Et
η
)
(A.9)
−ǫE + σin = σin exp
(
−Et
η
)
(A.10)
σis = σin exp
(
−Et
η
)
(A.11)
(A.12)
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Figure A.1: Sketch of used sign convention in strain relaxation.
and, when defining a relaxation time τ1 as
τ :=
η
E
(A.13)
equation A.11 then represents the isothermal silicide growth relaxation model
proposed by Zhang&d’Heurle. As soon as the system to which it is applied
undergoes a certain stress, this stress relaxes as a function of time, until finally,
all stress has totally been relaxed by local atomic rearrangement (see fig. A.3).
The original model divides the growing film into thin sublayers of a certain
thickness ∆l. The stress+relaxation mechanism presented in equation A.11
sets in from the moment at which the ith sublayer is formed (and thus not from
the initial moment of the reaction). In this way, a stress gradient is established
throughout the film (see fig. A.4) At every moment t, when assuming a layer of
unit width, the force in the ith layer is then given by σis,i ∆l; in integral form
Fc(t) can be represented as the integration of all the forces in all sublayers
Fc(t) =
∫ l(t)
0
σis,i(t
′)dl′ (A.14)
1τ represents the time after which the initial stress σis has relaxed until a fraction
1
e
σis.
In the original model, Zhang&d’Heurle arbitrarily considered τ equal to 1s at a temperature
of 300 ◦C. To gain an effective quantitative idea, some authors [38, 39] experimentally
extracted a value for τ from strain measurements when silicide growth was completed and
the strain measurement therefore fully determined by relaxation. For f.i. Pd2Si formation,
grown isothermally at 225 ◦C-250 ◦C, stress relaxation times in the order of 500-100 minutes
were extracted. A rough calculation with Erelax f.i. chosen equal to 2 eV (or 1.8 eV) leads
to a value of τ0 in the order of 10
−16s (or 10−14s). We arbitrarily choose τ0 equal to 10
−15 s.
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At time t, the force acting on a sublayer that grew at an earlier time t′, has
relaxed during the time interval t − t′. In terms of the proposed relaxation
mechanism in eq. A.11, each of the layers has relaxed to a specific extent t− t′
(depending on the time t′ at which the layer was formed), and equation A.14
can be rewritten as
Fc(t) =
∫ l(t)
0
σin exp
−(t− t′)
τ
dl′ (A.15)
So far, the model did not deal with the rate at which the film grows. As it is
assumed that one diffusing species controls the film growth (while the other
controls relaxation), the film grows according to parabolic kinetics: l2 ∝ t1/2.
Starting at an initial time t0, this implies that at every later time t, the sublayer
of the compound that is formed exhibits a specific thickness that depends on
the value of t. Equation A.15 can then be expressed as
Fc(t) =
[
σin
∫ l(t)
0
exp
(
l′2
Kτ
)
dl′
]
exp
(
−
t
τ
)
(A.16)
In this equation, σin represents the constant instantaneous stress at the very
moment of the reaction, τ is the time constant for stress relaxation in the
compound, K is the parabolic growth constant (equal to −2 ·DM
∆GM
kT ) and
l(t) is the total thickness of the compound at time t, reaching a maximum
value lm when the reaction is finished. Equation A.16 is valid for isothermal
anneals, i.e. for experiments at a constant temperature T (t) = T0.
Equation A.16 considers the case of an infinite thickness of the initial metal
layer i.e. starting from time t0 until time t, there is a continuous balance
between stress development and relaxation. In reality, the metal layer is finite
and at a certain time fully consumed, at which point the final silicide layer
thickness is reached. Equation A.16 can then be rewritten as
Fc(t) =
[
σin
∫ lm
0
exp
(
l′2
Kτ
)
dl′
]
exp
(
−
t
τ
)
(A.17)
with lm the maximum (final) thickness of the silicide layer.
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Figure A.2: Representation of the
relaxation mechanism used in the
Zhang&d’Heurle model. The initial
stress (left) in the formed XpYq layer
relaxes by a local rearrangement of
both the X and Y species, reorganizing
themselves within the same layer (right).
Figure A.3: Stress development at time
t per ith layer with thickness ∆l, as
suggested by Zhang&d’Heurle.
Figure A.4: Representation of the stress evolution in the different layers of the
growing compound. At every time ti, the total stress in the growing compound is given
by the sum of the stress in the different layers. A stress gradient is thus generated in
the film.
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A.1.2 Extension of the model to arbitrary temperature pro-
files
Most silicides are formed during ramped anneals. A straightforward analytical
solution of the stress development as a function of temperature T during a
ramped anneal, is impossible, due to the problems arising with additional
time/temperature dependencies in the relaxation mechanism. In case of a
ramped annealing, the temperature itself becomes time dependent and an
extra time dependency then appears in the right part of this equation through
η(T (t)), which makes an exact analytical solution impossible.
Alternatively, once can approach the problem using an iterative method. An
arbitrary temperature profile as a function of time can be considered as a
combination of small constant-temperature profiles. If the temperature step
(or time step, as these are directly related when the temperature is time
dependent) is chosen small enough, the discrete series of constant temperature
intervals allows for a good approximation of the continuous temperature profile
(fig. A.5).
A relevant and simple temperature profile is the case of a ramped annealing
at rate R e.g. the temperature T increases linearly with time t (figure A.5):
T (t) = T0 +R · t (A.18)
in which T0 is the initial temperature.
We consider the growth of a compoundXpYq at the interface between X and Y
(figure A.6). The growth of the compound layer is supposed to be controlled by
the diffusion of one of the reacting elements (here X), resulting in a parabolic
growth law:
l2(t) = K · t (A.19)
with K = 2 ω D(∆G/kT ) , ∆G the change in free energy per moving atom,
ω a constant geometric factor relating the diffusion to the thickness of the
growing film and kT the thermal energy. The diffusion coefficient of the species
X through XpYq is temperature dependent as
D = D0 exp
−Egrowth
kT
. (A.20)
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Figure A.5: Representation of the
iterative method suggested to approach
the continuous heating profile T = R · t
(black line)
X Yp q
X
Y
Figure A.6: Representation of the diffu-
sion controlled growth of XpYq through
diffusion of X .
with Egrowth the activation energy for Si diffusion. In the case of an isochronal
process as given in equation A.18, K is time dependent through both D and
T .
We propose considering an iterative approach to calculate the stress evolution
during ramp annealing. A constant small time interval ∆t corresponds to a
single iteration step. For small ∆t, during the ramped anneal T (ti) and T (ti+1)
are about the same. If we assume the temperature to have a constant value
Ti=T (ti) between ti and ti+1, one easily obtains an iterative form of the growth
equation A.19 by differentiating it:
li+1 = li +∆li
= li +
1
li
(D ·∆G · ω)
kTi
·∆t (A.21)
To obtain an iterative expression for the film force (stress), one needs to
consider the various possible mechanisms which contribute to the film stress
during a time interval ∆t.
First, we consider the thermal stress due to a mismatch in expansion coefficient
between film and substrate. The temperature change ∆T will induce a thermal
strain
ǫth = −(αfilm − αsubstrate) ·∆T (A.22)
with α the linear thermal expansion coefficient. Assuming elastic deformation
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of film and substrate, the corresponding thermal stress is given by
σth = ǫth · (Ms)film = ǫth ·
(
EY
1− ν
)
film
(A.23)
with (Ms)film, EY and ν respectively the biaxial modulus of the film,
the Young’s modulus and the Poisson’s ratio. The total added thermal
stress×thickness2 in the growing phase during ∆t=ti+1 − ti is then given by
−(αfilm − αsubstrate) ·∆T · (Ms)film · li (A.24)
with li the layer thickness at time ti.
Second, the formation of a new layer of compound with a thickness ∆li during
the time interval ∆t=ti+1 − ti will induce a relative volume change
VXpYq − (p · VX + q · VY )
p · VX + q · VY
(A.25)
in which V refers to the molar volume of the considered phase. For the case of
silicide growth, it was first suggested by Zhang&d’Heurle to assume that any
strain related to the most mobile species (X) relaxes instantaneously. When
assuming a total elastic behavior of the film and isotropic volume changes, the
one-dimensional growth strain is then related to the relative volume change
by
ǫgr = −
1
3
VXpYq − q · VY
q · VY
(A.26)
and the additional intrinsic stress×thickness caused by the growth of the
compound during ∆t=ti+1 − ti is then given by
ǫgr · (Ms)film ·∆li (A.27)
Third, one needs to consider stress relaxation. In the original model by
Zhang&d’Heurle, it is assumed that stress relaxation occurs by viscous flow.
This implied that the relaxation is controlled by atomic diffusion, and that the
relaxation kinetics can be approximated by an exponential decay as a function
of t (formula A.11). The main assumption that was made when deriving this
relaxation formula was the condition that temperature remained constant.
This can now be done and justified, since we consider the temperature to have
the constant value Ti between ti and ti+1.
2In this chapter, we refer to the acting forces as stress×thickness. We remind that these
units are equivalent to force/width. Force/width gives a better representation of the physical
forces acting on the layers.
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With σi the total film stress at ti, the amount of stress relaxation during ∆t
is given by
σi exp
(
−∆t
τ
)
(A.28)
The stress relaxation is thermally activated. The activation energy for
relaxation Erel is assumed to be related to the diffusion of the slowest-
moving species Y . The relaxation time constant τ is then considered inversely
proportional to the diffusion coefficient DY , exhibiting an activation energy
that we refer to as Erelax :
1
τ
=
1
τ0
· exp
(
−Erelax
kT
)
(A.29)
The total stress evolution in the daughter phase is given by the simultaneous
contribution of the three mechanisms
(σi+1li+1)DP = aDP ·∆T · liDP + bDP ·∆liDP
+(σili)DP · exp
(
−∆t
τiDP
)
(A.30)
with
aDP = −(αDP − αsubstrate) · (Ms)DP
bDP = ǫgr · (Ms)DP
(A.31)
This reasoning considers the total force at every time ti+1 as a combination of
the partially relaxed stress at time ti, and the additional intrinsic and thermal
stress developed during ti+1 − ti (see fig. A.4). It should be noted that for
the case of film growth, the final thickness of XpYq is limited by the total
consumption of the film X. This is not specifically included in equation A.30
as it is shown, but can easily be taken into account in numerical calculations.
Similarly to equation A.30, an expression can be made for the stress in the
parent phase X being consumed during the reaction. Since the disappearance
of one monolayer of X atoms is not supposed to build up any stress, the only
contribution to the stress×thickness is related to thermal stress development
and thermal stress relaxation, until the layer has been fully consumed. The
stress evolution in the parent phase is given by
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(σi+1li+1)PP = aPP ·∆T · liPP + (σili)PP · exp
(
−∆t
τiPP
)
(A.32)
At every time t, the actual totally observed stress consists of the simultaneous
contribution of the stress in the parent phase, plus the stress in the daughter
phase, and the relaxation of both kinds of stress according to the suggested
relaxation mechanism.
A.2 Iterative model: growth stress during ramped
annealing
With the proposed model, one can now try to simulate the stress evolution
during solid-state formation of TaSi2. The comparison between phase forma-
tion and the developing forces during TaSi2 formation is presented in figure
A.7. The measurement is in good agreement with previous results obtained by
Clevenger et al. [128].
In the as deposited state, the film consists of β-Ta. The β-Ta to α-Ta
transition (a molar volume 11.08 cm3 into a molar volume 10.85cm3) induces
a volume reduction ∆V/V of about 2% (equation A.26). The corresponding
intrinsic stress σgr can be calculated as about 1.87 GPa by equation A.30 with
Ms = EY /(1 − ν) = 281 GPa calculated out of bulk Ta material constants.
Assuming the film thickness to be constant one expects a tensile stress change
of 56.1 N/m. Figure A.7 shows a measured tensile stress step of about 50 N/m
(observed at about 350 ◦C). The good quantitative agreement suggests that the
volume change is likely fully accomodated by the film; should any relaxation
mechanism set in to relax any excessive stresses, the effect is almost negligible
at low temperature.
At higher temperature (650 ◦C), the β-Ta film reacts with the Si-substrate in
order to grow a TaSi2 layer, with a thickness of 2.4 times the initial Ta-layer
thickness i.e. 72 nm [125]. The fact that TaSi2 directly forms as single phase
from the elementary Ta and Si components and covers a broad temperature
stability range, makes it a simple system to check for the validity of the
proposed stress model.
Equation A.30 was used to simulate the stress evolution during the formation
of TaSi2. A set of parameters used for the simulation is given in table A.1.
Values for ∆G, V and α were found in literature. Calculating aTaSi2 requires
knowledge of a value for (M)s,TaSi2 , which is unfortunately not available.
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Figure A.7: Comparison between in situ XRD and in situ stress evolution of 30 nm
Ta on 250 µm Si during annealing at 3 ◦C/s.
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However, from the slope of a linear fit to the experimental data shown
in figure A.9-a, aTaSi2 is calculated as about -2· MPa/
◦C. This implies an
experimentally derived value for (Ms)TaSi2 of about 310 GPa. Similarly, the
thermal stress in α−Ta can also be derived from a linear fit to the experimental
data in the range between 400 - 500 ◦C. This results in a value for aα−Ta of
about -2 MPa/◦C.
The activation energy associated with Si-diffusion, Egrowth, was calculated by
applying the Kissinger method to in situ data measured at different ramp
rates (see also figure A.9). This resulted in an apparent activation energy of
about 3 eV (data not shown).
Little is known about the activation energy for relaxation Erelax, corresponding
with the diffusion of the slow-moving species through the growing layer.
Therefore, Erelax was considered as an adjustable parameter close to Egrowth.
The main problem seems to achieve a satisfying value for the parameter bDP ,
which determines the build-up of intrinsic stress during growth. The value of
bDP is determined by the local volume change induced by the reaction at the
Ta/TaSi2 interface. The intuitive way of calculating the strain associated with
the reaction as given by equation A.26 (supposing that Ta is the less mobile
species) is capable of explaining the sign of the growth stress [32]. However,
the calculated molar volume change of 178% would yield an intrinsic stress
bDP of about -184 GPa, a value which is clearly out of the elastic regime.
Therefore, bDP has been considered as an adjustable parameter, rather than
being calculated from material constants 3.
Figure A.8 presents the (macroscopic) stress resulting from a simultaneous
contribution of either the force in the mother phase being consumed (here a
30nm Ta layer), and the force in the growing daughter phase growing thereof
(the TaSi2 film). According to this model, the (macroscopic) developing force
reaches a maximum compressive value long before the parent phase is fully
consumed. This implies that, at this temperature, although layers are still
formed and induce the development of additional stresses, stress relaxation
3Based on the Zhang&d’Heurle model, several authors [37, 38] tried to evaluate the value
of the instantaneous stress by extrapolating the relaxation model towards a zero time. In this
way, the value obtained is free of any assumption about relaxation and growth laws. For f.i.
Ni-diffusion controlled δ-Ni2Si formation out of Ni and Si, the associated instantaneous stress
σis was derived as -2.00 ± 0.75 GPa (i.e. a strain ǫ equal to 1.65 ± 0.62 %, much smaller than
the theoretical interfacial strain of 62%.). This confirms the idea that b (or σis according
to the typical terminology) exhibits a value typically lower than would unrealistically be
calculated out of relative volume changes, even when calculated at the reaction interface.
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already fully controls the overall stress development.
It shows that it is possible to achieve a qualitatively realistic simulation of
the experiment using reasonable estimates for the various parameters. The
sudden stress change at about 950 ◦C is due to the total consumption of Ta.
Before this critical point, extra growth stress was being added continuously
through bDP ·∆liDP , the latter reaching its maximum value just before total
consumption. As this continuous additional contribution to the total stress
level then disappears, relaxation is the only process contributing to the stress
evolution.
When plotting the stress evolution by the proposed model, one should notice
that several combinations of parameters (especially the combination of τ0DP ,
Erelax and bDP ) can lead to similar results when plotting this single graph in
figure A.8. To chose the particular combination given in table A.1 out of the
several possible sets of parameters, a thermal cycle and several isochronal and
isothermal simulations were done as well to compare with the corresponding
experimental data. These simulations are shown in figure A.9 and show
qualitative agreement with the experiments. The main difference between
experiment and simulation for both isothermal and isochronal simulations is
the change of the relative peak depth depending on respectively ramp rate
and annealing temperature. This might be due to an overestimation of bDP .
It was taken as about -10 GPa, being already much smaller than the typically
calculated value out of relative volume changes. Another difference noticed
when looking at figure A.9-c is the relaxation part, which can be attributed
to the assumption of a simplified relaxation mechanism.
Based on the fixed set of parameters, the sensitivity of the model of several
parameters can now be investigated. Figures A.10, A.11 and A.12 respectively
present the effect of varying the parameters Erelax (which is hard to quantify),
the effect of an infinite Ta layer, and the effect of varying b.
Discussion: discrepancy in instantaneous stress
From the simulations, it is clear that one can only obtain qualitative agreement
with the experimental data if the instantaneous growth stress bDP is assumed
to be much smaller than theoretically expected. To conclude this chapter, we
will attempt to explain this discrepancy.
In most existing literature, the interpretation of the original model by Zhang
& d’Heurle is based on three key principles (figure A.13):
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Figure A.8: Separated contributions of the different terms in equation A.32. Growth
is simulated for a 30 nm Ta film deposited on Si(100), upon reacting into 72 nm TaSi2,
at 3 ◦C/S with parameters given in table A.1. The stress evolution is compared with
the evolution of layer thickness of the consumed and growing layer.
Table A.1: Plotting parameters for TaSi2 growth simulation and some material
constants (a Taken from literature b Calculated out of experiments c Estimated
value)
α-Ta TaSi2
∆G 0.5 eVa
a -2 MPa/◦Cb -2 MPa/◦Cb
Egrowth 3 eV
b
Erelax 3 eV
c 3.5 eVc
b -10 GPac
D0 0.5 cm
2/sc
τ0DP 10
−15sc 10−15sc
Vmolar 10.85 cm
3a 30.18 cm3a
Ms 281 GPa
a 310 GPab
α 6.3 10−6/◦Ca 8.9 10−6/◦Ca
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Figure A.9: Observed (left) and simulated (right) stress evolution (a) during thermal
cycling of a 72 nm TaSi2 film (b) during isochronal growth of 72 nm TaSi2 from 30
nm Ta/Si (c) during isothermal growth of TaSi2 (parameters given in table A.1).
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Figure A.10: The effect of a different
value for the relaxation activation energy
(table A.1).
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Figure A.11: The effect of an unlimited
Ta layer. If temperatures are sufficient,
relaxation becomes the dominating stress
mechanism in the stress evolution from
the very beginning of the stress develop-
ment table (A.1).
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Figure A.12: The effect of varying b
(table A.1).
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1. When calculating the one-dimensional growth strain ǫgr out of molar
volume changes, the volume of the less mobile diffusing species is
neglected (equation A.26).
2. At the moment of formation, one calculates the growth stress from the
strain assuming perfect elastic behavior.
3. Immediately after formation, it is assumed that the film will fully relax,
which implies plastic behavior with a yield stress of zero
Figure A.13 shows a simplified stress-strain curve at temperatures T1 and
T2 > T1. For rather low strains ǫ (generally lower than about 0.2 %), the
material responds elastically obeying Hooke’s law. Strains higher than this
elastic limit are generally the result of plastic deformation of the material,
finally leading to fracture at very high strains. The stress corresponding with
the elastic strain limit is the yield stress σy. It should be noted that the yield
strength of thin films is usually larger than of bulk materials.
First, calculating the growth stress assuming initially elastic behavior implies
an extrapolation of Hooke’s law (dashed line on figure A.13). Since the volume
change during most solid-state reactions is much larger than one percent,
the theoretical in-plane strain ǫgr clearly leads to a growth stress which is
significantly larger than the yield stress, and which is therefore unrealistic.
In [129] this problem was solved by considering anisotropic volume changes
in the film during growth. The in-plane strain during growth is supposed
to be significantly smaller as compared to the strain along the direction
perpendicular to the interface. This leads to the introduction of an empiric
coupling factor λ (significantly smaller than the isotropic factor 1/3 used in
equation A.26), thus resulting in a modified expression for the in-plane growth
strain:
ǫλ := −λ ·
VXpYq − q · VY
q · VY
(A.33)
with the symbols taken as defined before. Assuming an in-plane strain ǫλ
with a small coupling factor λ gives rise to smaller strains and stresses and
makes the assumption of the initially fully elastic behavior (characteristic of
the viscous flow relaxation mechanism) during growth more realistic.
Second, one should also consider the assumptions used for stress relaxation.
Instead of assuming that the stress necessarily relaxes to a zero-level, it is
likely a better approach to use the stress value indicated on the stress-strain
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curve as the final limit on stress relaxation. From this point of view, a value
of ǫλ in the elastic region would not cause any instantaneous relaxation since
the corresponding stress σλ is equal to its relaxation limit σcurve. A value of ǫλ
in the plastic region (as indicated on the figure) implies a value of σλ being a
small amount of Σ higher than its relaxation limit σcurve. The film stress will
therefore relax from σλ to this limit σcurve.
The stress-strain curve in figure A.13 is temperature dependent. The elastic
limit and yield stress σy generally decrease with increasing temperature, as
illustrated in the figure for T2 > T1. Considering a fixed growth strain ǫλ,
this implies that the initial amount of stress Σ to be relaxed depends on
temperature according to Σ(T ) := σλ − σcurve(T ). For temperature profiles
such as ramp anneals with continuously increasing T , the relaxation limit
will continuously decrease until the curve itself reaches the situation of total
relaxation.
The proposed stress evolution model can be adjusted to the above consider-
ations. The total amount of stress added during ∆t stays the same (with the
constant growth stress bDP taken as σλ), while the amount of stress to relax
during ∆ti is only the fraction of the total stress σi higher than σcurvei (σi -
σcurvei):
(σi+1li+1)DP = aDP ·∆T · liDP + bDP ·∆liDP +[
(σcurveili)DP + (li · (σi − σcurvei))DP · exp
(
−∆t
τiDP
)]
(A.34)
In principle, the above equation can be used to simulate the stress evolution
provided that the temperature dependence of the stress-strain curve is known.
Unfortunately, this information is generally not available for bulk silicides, and
is probably even different in the case of thin films.
A nice experimental confirmation of the last critical consideration mentioned
above, is actually provided by the triple-cycle measurement given in figure 2.8.
The reasoning is here explained in terms of thermal stress, yet the idea can
probably be extended to stress in general, including growth stress.
In figure 2.8, upon naturally cooling, the stress built up at room temperature
appears significantly higher than the stress that can be achieved upon cooling
at a slow controlled rate. Upon reheating, it was clearly observed that -even
at lower temperatures- the stresses relaxed until they reached the straight
line characteristic of thermoelastic stress development, and situated at lower
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Figure A.13: General tension stress-strain curve of a material at temperature T1 and
at T2 > T1. The dashed line is an extrapolation of Hooke’s law toward high strains
tensile stress values. Whatever the nature of the relaxation mechanism at play,
it appears to be active even at temperatures lower than Trelax.
A.3 Iterative model: thermal stress during ramped
annealing
The model can now also be applied to the thermal stress evolution. A first
application of the model in figure A.9-a suggests that the model is actually
able to model the stress development upon thermally cycling. However, when
looking at figures A.14 and A.15 (with Erelax=2 eV, a=-1 MPa/
◦C, τ0 =
10−16, R=-3 ◦C/s). Furthermore, for the same reason as mentioned above,
the thermal cycle experiment mentioned in the introduction part, suggests
that the assumption of a single thermally activated relaxation mechanism is
probably too simple for a realistic simulation of the thermal stress behavior.
A.4 Conclusions
A simple method was proposed to explain the stress evolution during solid-
state reactions in thin films for arbitrary temperature profiles (e.g. isothermal
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Figure A.14: Simulation of the effect of varying the parameters Erelax and R on
thermal stress development
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Figure A.15: Simulation of the effect of varying the parameters τ0 and Erelax on
thermal stress development.
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or ramp anneals) by atom diffusion-controlled growth and relaxation. The
model is based on the famous isothermal model developed by Zhang&d’Heurle.
Experimental stress measurements for silicide materials are compared to
numerical simulations and show a qualitative agreement. The interpretation of
the instantaneous growth stress is the main limit to a quantitative applicability
of the model.
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Appendix B
In situ stress measurements
in the Ni/Si system
B.1 Effect of substrate dopants on Ni silicidation
stress development
Figure B.1: Effect of substrate doping on stress+phase evolution for 50 nm Ni/Si(100)
The presence of dopants in the Si substrate strongly affects the Ni/Si(100)
silicidation reaction. This was already observed by Lavoie et al. [64]. By means
of in situ XRD, the authors noticed a difference of the substrate doping on Ni-
rich phase formation. As in situ stress measurements are extremely sensitive
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to any feature in the kinetic phase sequence, it should be no wonder that
the growth stress evolution differs whether measuring on p-type or n-type
Si(100) substrates. Figure B.1 compares the effect of substrate doping on Ni
silicidation phase formation and stress development. The stress evolution upon
Ni-silicidation on n-type Si exhibits two compressive peaks in the Ni-rich phase
region, whereas Ni-silicidation on p-type Si exhibits a single compressive peak.
In this work, all considered silicidation reaction occur by solid-state reaction
of a metal film, deposited on a p-type Si(100) substrate.
B.2 Stress development in Ni(Si)/Si system
The high transient compressive stresses that develop upon NiSi formation
in the Ni/Si system are directly correlated to the intermediate formed Ni-
rich phases. We have now a set of samples available that allows to form NiSi
through alternative transient phase sequences (see chapter 4). In particular,
for most samples, the simultaneous metal-rich phase growth is eliminated and
replaced by a sequential phase formation. Hence the current set of samples may
provide more information on the effect of phase sequence on the developing
film stresses upon NiSi formation.
For all samples listed in table 4.1, in situ stress measurements were carried out
upon heating (3 ◦C/s). When considering the set of measurements as a whole,
the idea of the complex Ni-rich zone being responsible for the high compressive
stresses is clearly confirmed. We limit ourselves to the presentation of a selected
number of samples. Within an S phase sequence group, samples do exhibit
an identical behavior. The presented measurements are representative for the
overall behavior in the phase sequence groups.
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Figure B.2: Comparison between phase formation and stress evolution upon
annealing of 50 nm Ni/Si(100) (reference sample).
Figure B.3: Comparison between phase formation and stress evolution upon
annealing of 50 nm Ni(18 %Si)/Si(100) (range S1).
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Figure B.4: Comparison between phase formation and stress evolution upon
annealing of 50 nm Ni(26%Si)/Si(100) (S2)
Figure B.5: Comparison between phase formation and stress evolution upon
annealing 50 nm Ni(31%Si)/Si(100) (S3).
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Figure B.6: Comparison between phase formation and stress evolution upon
annealing of 50 nm Ni(35%Si)/Si(100) (S4).
Figure B.7: Comparison between phase formation and stress evolution of annealing
of 50 nm Ni(49%Si)/Si(100) (S7).
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Figure B.8: Comparison between phase formation and stress evolution of annealing
of 50 nm Ni(Si)/Si(100) samples passing through the θ-phase (S5 and S6).
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